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9.1 INTRODUCTION

The metastable cubic phase of group-III nitrides (GaN, AIN, InN) offers
interesting technological advantages compared with its hexagonal modifi-
cation [1,2]. Specifically, epitaxially grown layers of cubic GaN (c-GaN)
lend themselves to the production of cleaved laser cavities. As cubic crys-
tals have higher crystallographic symmetry the c-IlI-nitrides are expected to
show different electronic and optical properties (bandgap, impurity levels,
electron drift velocity, etc.). Cubic GaN can further be grown on (001) sub-
strates, eliminating the influence of piezoelectric (PZ) fields on the optical
and electrical properties. Due to the smaller bandgap of c-GaN, the visible
(blue and green) spectral region will further require smaller amounts of In
than in the case of the hexagonal phase [3]. Gain and stimulated emission
experiments on cleaved c-GaN underline the possible application of this
material for laser diodes [4]. Recently, the first c-GaN based blue light-
emitting diodes (LEDs) grown on GaAs substrates were demonstrated by
Yang and colleagues [5] and As and colleagues [6]. For electronic devices
such as high electron mobility transistors (HEMTs), cubic GaN has the
potential of a high saturated electron drift velocity. This property could
increase its applicability for high-frequency devices. The large bandgaps
of these nitrides further predestinates them to be used at high temperatures
and high powers and its chemical stability enables applications in hostile
environments. Finally, cubic III-nitrides are primarily grown on GaAs or Si
substrates, which further enables possible future integration of II-nitrides
with advanced GaAs or Si technology.

Several different growth techniques, such as molecular beam epitaxy
(MBE), metalorganic chemical vapor deposition (MOCVD), and hydride
vapor-phase epitaxy (HVPE), have successfully been used to grow cubic
group Ill-nitrides on various cubic substrates (GaAs, B-SiC, Si, GaP, and
MgO) [1]. One particular difficulty, which is similar to hexagonal GaN
(h-GaN), is the absence of a readily available, thermodynamically stable,
single-crystal phase for homoepitaxy. Thus, heteroepitaxy is a practical
necessity with all its drawbacks, and the choice of substrate is critical. The
large misfit in lattice constants of the used substrates to the group IiI-nitrides
(in the case of GaAs, 20 percent) introduces a large number of extended
defects which severely degrade the crystal quality of the material. As a figure
of merit for crystal quality, the linewidth of the x-ray diffraction profile taken
in the w-mode across the lowest order symmetric reflection is frequently
used. The linewidth of this reflection is, in fact, almost two orders of magni-
tude larger for c-GaN (30') compared with that measured for A-GaN (1') of
similar thickness [7]. Even when considering that symmetric reflections are
insensitive to threading dislocations, asymmetric reflections are still as broad
as 3’ for h-GaN, and thus still an order of magnitude below the best values
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of ¢-GaN. In addition, one should have in mind that the crystal quality of
h-GaN is still far from that of state-of-the-art GaAs or Si epilayers. Threading
dislocations densities in excess of 10'® cm~2 are therefore reported in both
h-GaN and c-GaN. Nevertheless, LEDs having an impressively high quan-
tum efficiency are fabricated on the basis of this highly defective materials
[8]. This implies that, at least in h-GaN the structural defects are much less
detrimental to the optical properties than in other semiconductors such as
GaAs or InP. Because the electronic impact of extended defects in hexagonal
material may differ from that in cubic material, it is not clear if the extended
defects present in cubic group Ill-nitrides are of a similarly forgiving nature
as those in the hexagonal counterparts.

Due to the metastability of the zincblende phase of group Ill-nitrides, a
major difficulty in the growth of c-Il-nifrides originates from the polytypism
and, asaresult, anincreased tendency of forming wurtzite-phase subdomains
within the cubic lattice. Growth conditions far from thermodynamical equi-
librium are therefore advantageous to synthesize phase pure cubic epilayers.
In addition, it has been recognized that precise control of stoichiometry is of
critical importance in determining material properties [7,9]. This predesti-
nates MBE with its possibility to carefully control the growth process in situ
by reflection high-energy electron diffraction (RHEED) for the growth of
cubic group IlI-nitrides. Indeed, MBE has played a major role in the growth
of zincblende I1I-nitrides and, under optimized conditions, a phase purity
better than 99.9 percent has been demonstrated for c-GaN epilayers [10].

The two prerequisites for optoelectronic applications of cubic III-nitrides
are the fabrication of the required alloys In;,Ga,N and Al,_,Ga,N and
their heterostructures and p-type and n-type doping of all group I1I-nitrides.
However, little work has been done on these topics [11-17]. The growth of
c-In;_,Ga,N layers is extremly difficult for several reasons: first, because
of the metastability of the cubic phase itself, and second due to strong spatial
fluctuations of the In-content caused by spinodal decomposition of the mate-
rial {15]. In additon, a strong variation of the sticking coefficient of In with
temperature further complicates the epitaxial growth [16]. Cubic Al;,GayN
alloys seem not to suffer on phase separation problems, however, the strong
affinity of Al to O may cause a strong residual n-type background doping.
Quantum well (QW) structures based on cubic nitrides are still absent. Up
to now, only c-GaN has been investigated with respect of n-type and p-type
doping by Si [18,19] and Mg [20-22], respectively. Si acts as a shallow
donor and can easily be incorporated in c-GaN up to concentrations of more
than 5x 10'° cm=3 [19]. p-type doping by Mg suffers on self-compensation,
segregation, and solubility effects which limit the room-temperature hole
concentration to the low 107 cm ™ range. p-type doping by Mg under N-rich
growth conditons, which has been shown to be benefitable in Mg-doping of
hexagonal GaN, results in increased hexagonal inclusions [21,22]. A novel
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and perhaps promising approach to p-type doping has been reported recently
(23], where co-doping of c-GaN by Be and O was shown. Doping of the
alloys is still lacking.

This chapter will concentrate on heteroepitaxy of cubic IlI-nitrides on
GaAs (001) substrates grown by MBE, and review recent results on c-GaN
and the cubic alloys In;Ga; N and Al,Ga;_yN. Doping experiments of
c-GaN with Mg and Si are reported and the influence of the large number
of extended defects on the optical and electrical properties is discussed.
The experimental data reported were obtained with samples grown by radio
frequency (RF)-plasma-assisted MBE at the University of Paderborn.

In recent years, several excellent books with review papers have appeared
addressing various aspects of primarily hexagonal I1I-V nitrides technology,
physics, and applications [24-29]. Current news in this research area is
available on the World Wide Web [30].

9.2 ELECTRONIC STRUCTURE AND BASIC
PROPERTIES OF CUBIC GROUP III-NITRIDES

In addition to the commonly appearing hexagonal (wurtzite, or «-polytype)
crystal structure all group IIl-nitrides form the thermodynamically less-
stable zincblende modification, which is also known as sphalerite, or
B-polytype. It is the metastable form of the group II-nitrides, which has
been stabilized by epitaxial growth of thin films on the (001) crystal planes
of cubic substrates such as Si, SiC, GaAs, GaP, and MgO.

The zincblende structure has a cubic unit cell, containing three group
II elements (Al, Ga, In) and four nitrogen elements (Figure 9.1). The
space grouping for the zincblende structure is F43m (sz). The position
of the atoms within the unit cell is identical to the diamond crystal struc-
ture; both structures consist of two interpenetrating face centered cubic (fcc)
sublattices, offset by one-quarter of the distance along a body diagonal.

(a) (b)

NS

Figure 9.1 (a) Ball and stick model of the zinc blende structure of cubic GaN; (b) 1. Brillouin
zinc of the zincblende structure.
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Each atom in the structure may be viewed as positioned at the center of
a tetrahedron, with its four nearest neighbors defining the four corners
of the tetrahedron. The bond length, R.,p, is therefore connected to the
cubic lattice constant, acyp, by Reyp = V3/4 - ac,p. The main difference
in the stable hexagonal structure is the stacking sequence of closed packed
diatomic planes. Whereas for the hexagonal structure, the stacking sequence
of (0001) planes is ABABAB in the (0001} direction, the stacking sequences
of (111) planes is ABCABC in the (111) direction for zincblende structure.
This difference occurs due to an eclipsed bond configuration of the second
nearest neighbors in the wurtzite structure, whereas in the zincblende struc-
ture the bonding configuration is staggered. All group III-nitrogen bond
lengths are equivalent in the zincblende structure but there are two slightly
different bond lengths in the wurtzite structure. Because the wurtzite struc-
ture has an hexagonal unit cell, it is thus characterized by two different lattice
constants, Cpey and agey,. One bond length Ry, is equal to u - cjex, Whereas
the other three bonds are equal to

172
L (] 2 e \2]Y o
pex " | = ——u) - .
hex 3 2 Qhox
where u is a dimensionless cell internal structure parameter. For an ideal

wurtzite structure ¥4 = 8/3 and cpex/anex = +/8/3. In real crystals, u
and cpex/anex deviate from these values; for A-AIN, h-GaN, and A-InN,

Chex/Qhex 15 slightly less.
For the ideal structures, therefore, the lattice constant of cubic and
hexagonal crystals are correlated by a simple expression by

Aeyp = \3/ ‘/5 . al?ex * Chex 9.2)

which allows the calculation of the cubic lattice parameters from the more
studied hexagonal parameter.
In addition, the cubic lattice constant can further be estimated from the

covalent radii of group I1I elements and N by

Acub = —= * (reovy + Teovy) 9.3)

V3

The covalent radii of the four elements Al, Ga, In, and N are 1.25 A, 1.26 A,
1.50A, and 0.70 A, respectively, resulting in cubic lattice constants of
4.50A,4.53 A, and 5.08 A for c-AIN, ¢-GaN, and c-InN. As a representative
for all group Ill-nitrides, the crystal structure of cubic GaN is shown in
Figure 9.1 (left picture). One immediately sees that the size of the N-atom
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is much smaller than that of any group III element. This has important
consequences for doping, as we will see later, because the dopant has to fit to
the replaced atom. Otherwise large deformations within the crystal structure
may occur, which may hinder the incorporation of the dopant species,
resulting in insufficient p-type or n-type conductivity of the semiconductor.

The first Brillouin zone of the zincblende crystal structure is also shown
in Figure 9.1 (right picture). Included in this plot are the most important
points (I', L, U, X, W, and K—full points) as well as the directions (A, X,
A, Q, and Z—open points at the center of the lines) in the reciprocal space,
which are important for band structure calculations.

Band structure calculations of cubic group IlI-nitrides have been per-
formed by several different groups using various theoretical approaches
[31,32]. A summary and comparison of the results are given by Lambrecht
and Segall {33], and by Suzuki and Uenoyama [34]. Within all these differ-
ent approaches, pseudo-potential theory incorporating self-interaction and
relaxation corrections (SIRC-PP) [32] are in reasonable agreement with
available experimental data. The band structure of cubic GaN calculated
using Ab-inito SIRC and Tight binding sp®s*d° are shown in Figure 9.2 [35].

g e
¥

j?’

Energy (eV)

Ty,
-

e

o AB-Inito SIRC
—— Tight binding sp3s*d5

L G X WK L W XK G
k

Figure 9.2 Band diagram calculated for cubic GaN. The calculations were performed vsing
the method of Vogel et al. [32] by F. de Salla and F. Scholz (private communication).
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A direct bandgap of 3.3 eV at the I"-point of the Brillouin zone is estimated.
Whereas cubic GaN and cubic InN are direct semiconductors, cubic AIN
shows an indirect behavior. This is in contrast to the hexagonal phase, where
all three binary compounds are direct semiconductors. For the cubic alloys
Al,Gaj_yN, a direct to indirect energy gap transition is predicted for 0.52
[36] and 0.57 [37].

The optical and transport properties of semiconductors are primarily
governed by the electronic band structures in the close vicinity of the valence
band maximum and conduction band minimum. Thus, the k-p theory is not
only an appropriate method to describe the electronic structures around the
band extrema butalso a convenient method to analyze the electronic structure
of alloys and QW devices on the basis of the effective mass approximation.
It further enables us to incorporate straineffects if the deformation potentials
are known. In the analysis of conventional zincblende semiconductors, a
parabolic conduction band is frequently assumed and the 4 x 4 and/or 6 x 6
Luttinger-Kohn Hamiltonians are used to describe the upper valence bands
[38]. For the group Ill-nitrides, the spin-orbit splitting is very small and
makes all three bands in the valence band closely situated in energy. Conse-
quently, the three valence bands and the conduction band must be considered
in unison, making the use of an 8 x 8 k-p Hamiltonian {39} (Kane model)
imperative. Because the bandgaps of the cubic nitrides are very large, the
coupling of the conduction to the valence bands is weak and can be treated
as a second order perturbation. This allows the 8 x 8 k-p Hamiltonian to be
split into a 6 x 6 k-p Hamiltonian for the valence bands (Luttinger-Kohn
model) and a 2 x 2 k-p Hamiltonian dealing with the conduction band [34].
Formally, the Kane model transforms into the Luttinger-Kohn model if
Kane’s momentum matrix element P [39] between valence and conduction
band states is taken to be zero. Recently, Pugh and colleagues [40] derived
accurate 8 x 8 K-.p parameters from semi-empirical band structure calcu-
lations. For zincblende structure, these parameters are the bandgaps at the
I'-point (Eggp), the quantity Ep, which contain Kane’s momentum matrix
element P between the conduction band and the valence band, the spin-orbit
splitting A, the modified Luttinger parameters (y;), and a conduction band
dispersion parameter, s, which is correlated to the effective conduction band
mass m;. The modified Luttinger parameters y, are related to the effective
masses of the heavy hole m}, , light hole my, , and spin split-off m}, valence
bands and also to the more commonly used Luttinger parameters y;, which
results if a 6 x 6 k-p Hamiltonian is used. In Enderlein and coworkers
[41] the relationship between the different effective masses, the modified
Luttinger parameters y;, and the Luttinger parameters y; is given in detail.

Table 9.1 summarizes the physical parameters of cubic AIN, GaN, and
InN together with elastic properties as well as the deformation potentials.
For nearly all of these parameters only theoretical estimations exist.
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Table 9.1 Physical parameters of cubic GaN, AIN, and InN
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Parameter AIN GaN InN
Lattice constant (A)

a 4.382 (exp) 4.52% (exp) 4.98° (exp)
Energy parameters (eV)

Egap 6.024 3179 2.184

3.302¢ (exp)
Egap (X) 4,924 — —
Ag 0.0114 o0.011d 0.0114
0.017¢ (exp)
Ep 25.09 25.49 29.99
29.3f 23.6f 18.1f

Conduction band effective mass 0.19¢ 0.114 0.10d

my/mo 0.15-0.228 (exp)
Valence band effective masses

m},/mo 1.209 0.804 0.844

m}, /mo 0334 0.184 0.169

m¥, /my 0.494 0.264 0.244
Luttinger parameters§

" 1.924 3.571 5.332

» 0.552 1.165 2.086

» 0.882 1.575 2.446
Deformation potentials (eV)

a; —6.8" —2.77 —33h

ay 2.3h 3.63J L.7h

B ~150 —267 —12h

D —45h —4.62 —30h
Dielectric constant
£(0)/eg 8.5k (hex) 8.98 15.3¥ (hex)
£(00 ey 4.68K (hex) 5.08 8.4% (hex)
Elastic constants (GPa)

el 3041 296 184

12 1521 1541 116!

cas 199 2061 1778
Bulk modulus B 203 2011 139¢
Piezoelectric constant (C/mz)

ei4 —0.526] 1110 —

§Calculated from modified Luttinger parameters given by Pugh et al. [40] using Eg. (9.15) of

the work of Enderlein et al. [41).

3Reference 42, bReference 43; “Reference 44; dReference 40; ®Reference 45; [ Reference 46;

EReference 47; "'Reference 48; iReference 49; JReference 50; kReference 51.
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9.3 GROWTH OF CUBIC GaN

9.3.1 Selection of a Suitable Substrate

A common feature of reports of cubic material growth is the use of a substrate
with cubic crystal structure. This is necessary because the thermodynami-
cally stable crystal structure of GaN is the hexagonal phase, and therefore
homoepitaxy on naturally deposited GaN is excluded. Unfortunately, no suit-
able lattice-matched substrate is available. Cubic GaN has been deposited on
a number of cubic substrates, including GaAs (001) [7,9,52-57], Si (001)
[58-60], 3C-SiC (8-SiC) (001) [18,61-67], GaP [68,69], and MgO [70].
All these substrates share the handicap of a very large lattice-mismatch to
the nitrides. Table 9.2 lists the lattice parameters, thermal expansion coef-
ficients, and the calculated lattice-mismatches to c-GaN. Both GaAs and
Si offer significant technological advantages due to the highly developed
materials, a processing base already in place for their use, and their com-
mercial availability. 3C-SiC, normally prepared by deposition on (100) Si,
is the closest in lattice-match to the nitrides and thus should, in princi-
ple, produce the highest quality GaN. Unfortunately, industrial production
of bulk 3C-SiC ceased a few years ago. For the realization of a vertically

Table 9.2 Lattice parameters, thermal expansion coefficient, lattice-mismatch to ¢-GaN, and
thermal conductivity of prospective substrates for I11-N epitaxial growth; lattice-mismatch, f,
is calculated by f = (agup — aGan)/asup

Crystal References Lattice Thermal Lattice- Thermal
constants a expansion mismatch conductivity
(nm) coefficient f (Wem™1k~1)
a(*10°8 k1)
c-GaN* 71 0.452 4.78 — 13
c-InN* 71 0.498 5.03 0.092 038
c-AIN* 71 0.438 4.56 —0.032 28
3C SiC 72 0.436 2.7 —0.037 49
Si 73 0.54301 3.59 0.168 1.5
GaAs 73 0.56533 6.0 0.20 0.5
GaP 2 0.54512 4.65 0.17 0.8
InP 73 0.5859 45 0.229 —
MgO 73 0.4216 10.5 —0.072 —
MgAlOy 73 0.8083 7.45 — —

*The linear expansion coefficient for cubic nitrides is not available. However, the lattice constant
of cubic and hexagonal crystals are correlated by ag,pic = W3- aj,. " Chex) /. The linear
thermal expansion coefficient a,p;. is estimated from the hexagonal values for the a and ¢
axis agy,, and ac,, . by acupic = 1/3 - Qog,,, + acy,, ) The hexagonal values ag,,,, and
acy,, are taken from Pankove [71].
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structured optoelectronic device such as an LED or a laserdiode (LD), one
of the most important aspects for the selection of a suitable substrate is the
ability of the substrate to be highly doped, both n-type and p-type. From
this point of view, this restricts the substrates that can be used to GaAs, Si,
and 3C-SiC.

The use of 3C-SiC substrate is prompted by the small lattice-
mismatch to ¢-GaN (—0.037) and the high thermal conductivity of 3C-SiC
(4.9Wcem~1K~1). It was first proposed by Pankove [71] and was success-
fully used by Paisely and colleagues [62] for preparation of zincblende thin
films. However, due to the difficulties in the fabrication of cubic SiC bulk
material, nowadays thick (>3 pum) 3C-SiC epilayers grown on Si (001)
substrates by plasma-enhanced chemical vapor deposition (PECVD) are
currently used instead {63-65]. Althéugh such thick high-quality 3C-SiC
epilayers are available, a second independent epitaxy process is indis-
pensable and shifts the problem of growing a largly lattice-mismatched
epilayer to only the 3C-SiC growth. For high-power applications where
the thermal conductivity is decisive, 3C-SiC will be the material of
choice.

Growth of GaN on Si substrates offers a very attractive way to incorpo-
rate future GaN devices onto Si-based integrated circuits. However, due to
the large differences in lattice constant (mismatch 0.17) and thermal expan-
sion coefficient, it is rather difficult to directly grow GaN epitaxially on Si
substrates. The formation of amorphous Si, N, inclusions at the interface,
which act as nucleation’ centers for the formation of hexagonal GaN, ham-
per the epitaxial growth of phase-pure cubic epilayers [60]. Thin (<5 nm)
3C-SiC or GaAs are therefore necessary to prevent the formation of such
SixNy inclusions.

GaAs as a substrate for cubic GaN growth is motivated by the potential
for fabrication of heterostructure devices. Easy cleavage of laser facettes
and the integration of GaN devices to the well-developed GaAs technology
makes this substrate very attractive, although the thermal stability at the
high growth temperatures of about 700 °C may be problematic. As seen in
Table 9.2, the estimated thermal expansion coefficient, @qypic, Of c-GaN
is comparable to that of the GaAs substrate, reducing cracking and thermal
strain effects. The lattice mismatch, f, of 20 percent is within the largest of the
proposed substrates. For such large misfit systems, the assumption of elastic
theory is no longer valid and a breakdown of epitaxial growth is expected,
resulting in polycrystalline growth. However, recent results [7,9] showed
that due to the occurence of a coincidental lattice-mismatch, fo = (m-ag,p —
n - aganN)/m - asyup, the residual lattice-mismatch is drastically reduced and
epitaxial growth is enabled. In the case of c-GaN grown on GaAs, the integers
m and n are 4 and 5, respectively. Therefore, if m = 5, an additional lattice
plan with a pure-edge dislocation at the interface is incorporated into GaN.
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Transmission electron microscopy (TEM) measurements of the GaN/GaAs
interface confirm this explanation. Thus, this heterosystem is close to true
coincidence and an array of pure-edge dislocations with a period of 5 GaN
lattice planes can account for the entire misfit. The residual lattice misfit, fp,
at growth temperature was estimated to be as low as 0.0002 £ 0.002.

9.3.2 Growth Methods

The various thin-film deposition methods employed in the growth of cubic
GaN and other group III-nitrides have a number of advantages for addressing
different issues in order to utilize the full potential of the cubic II-nitrides for
optoelectronic as well as electronic devices. However, significant progress is
needed for device applications in the areas of heteroepitaxial growth, crystal
structure, impurity doping, reduction of extended defects as well as point
defects, alloying phenomena, and the formation of homo- and heterojunction
structures.

HVPE, which uses a chloride transport method, was developed in 1969
by Maruska and Tietjen [75] and is characterized by high growth rates.
This may enable the growth of thick cubic GaN epilayers with significantly
reduced misfit-related defects close to the surface and is useful as a substrate
material for both MOCVD and MBE {76]. However, this technique was
widely abandoned in the early 1980s because of apparent difficulties in
reducing the native shallow-donor concentration to nondegenerated levels
and thus enabling p-type doping.

Metalorganic vapor phase epitaxy (MOVPE) or MOCVD has been used
used by Nichia, Inc., for the fabrication of hexagonal group III-nitride-based
LEDs and LDs [77]. For commercial h-GaN device applications, MOCVD
has emerged as the leading candidate owing to its large-scale manufacturing
potential [78].

MBE has a number of advantages for the study of new materials and,
in particular, for the study of epitaxial phenomena. The vacuum require-
ments for MBE are typically better than 10~ !0 mbar, which enables one
to grow epitaxial films with high purity and excellent crystal quality at
relatively low substrate temperature. Additionally, the ultrahigh-vacuum
environment allows one to study in situ the surface, interface, and bulk
properties of the growing films in real time by employing a variety of struc-
tural and analytical probes. Modern MBE deposition systems consist of
multiple chambers separated by gate valves. Although the majority of sur-
face analytical probes (auger electron spectroscopy (AES), secondary ion
mass spectroscopy (SIMS), x-ray photoelectron spectroscopy (XPS), and
ultra-violet photoelectron spectroscopy (UPS)) may be accomodated in the
preparation chamber to avoid possible contamination by the evaporants,
RHEED and quadruple mass spectrometry (QMS) are routinely used in
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the growth chamber to monitor and control the growth process. Therefore,
MBE was predestinated to study the growth of the metastable cubic group
I1I-nitrides far away from thermodynamical equilibrium. It is generally rec-
ognized that MBE has played a major role in the development of high-quality
cubic group III-nitrides. The MBE method of thin film deposition and its
application to the growth of I1I-V compounds has been reviewed by a num-
ber of authors [79-82] and a more recent review of its application to the
II1-V nitrides is given by Moustakas [83].

9.3.2.1 HVPE

Only a few researchers have reported on growing cubic GaN films by HVPE
to achieve thick films of improved structural quality [84,85]. The most pop-
ular choice for substrate has been GaAs (001) due to the potential of first
depositing a homoepitaxial GaAs buffer layer to heal surface polishing dam-
age and to form a wetted buffering surface nitridation layer by conversion
with NH. It has beenreported that low growth rates (<4 pm/hr) were required
to suppress the introduction of hexagonal phases into the films [86,87]. The
HVPE process is achemical vapor deposition method, which is usally carried
out in a hot wall reactor at atmospheric pressure. GaCl and NH3 are used,
with H; as a carrier gas. Three major problems concerning the growth of
cubic GaN still exist. First, nucleation seems to be insufficient, resulting in a
high amount of hexagonal inclusions. Second, even if c-GaN were grown on
gas-source MBE cubic GaN-buffer layers (30 nm), the resulting phase purity
is still only 85 percent under optimized growth conditions (substrate tem-
perature 900 °C, V/III ratio 600, growth rate 1.6 wm/hr). The thickest cubic
GaN layer to date is about 5 pwm thick, which is still far from a thickness nec-
essary to severely reduce the dislocation density, as is needed for a substrate
for homoepitaxy. At increasing layer thickness, the hexagonal content as
well as the surface roughness dramatically increased. Finally, as reported by
Tsuchiya and co-authors [86] the grown epilayer additionally have a residual
high n-type concentration of about 1 x 10?° cm— and free electron mobili-
ties of about 50 cm?/V s, which are comparable to that of #-GaN. To date, the
only cubic group IlI-nitride deposited by HVPE is cubic GaN. Therefore,
further work is required to develop improved material suitable for device
applications or as a substrate with low structural defect density.

9.3.2.2 MOCVD

MOCVD was suggested for growth of III-V semiconductors 30 years ago
{88], and matured for applications in the AlGaAs/GaAs and In- and P-related
III-V systems during the 1980s. The first application to grow hexagonal
HI-nitride growth was reported over a decade ago [89]. Currently, it is the
most popular method to grow multilayer device structures of A-Ill-nitrides
and is the only technique used for commercial II-nitride device production.
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For cubic group Ill-nitrides, however, this technique has only recently
been successfully used for growth [90,91]. The precursers used for ITI-nitride
growth are trimethyl-gallium (TMG) or triethyl-gallium (TEG), trimethyl-
aluminium (TMA), and trimethyl-indium (TMI) for the group III elements,
and ammonia (NH3) or 1,1-dimethylhydrazine (DMHy) for nitrogen. The
carrier gases are typically either hydrogen, nitrogen, or a mixture of both.
In most cases, GaAs-substrates are used [90-92], however, 3C-SiC [93] is
also reported as a substrate. Typical growth temperatures for ¢-GaN and
c-AlyGa;_yN (y < 0.3) are between 900 °C and 950 °C and for In, Ga; ;N
between 700 °C and 770 °C [94]. Growth rates of c-GaN are in the order of
about 240 nm/hr [95].

Doping in MOCVD is done in situ from the gas phase. For n-type doping
by Si, silane (SiHy) is used as precurser. In this way, free electron concen-
trations up to 109 ¢m—3 are conveniently reached at room temperature in
h-GaN. Mg is the most suitable p-type dopant and can be introduced via
the precurser bis-cyclopentadientyl (Cp;Mg) up to concentration of a few
10" cm—3. However, for activating the acceptors a postgrowth heat treat-
ment, either by low-energy electron beam irradiation (LEEBI) [96] or in
Nj-atmosphere at temperatures at about 700 °C, are necessary [97]. Although
up to now no detailed study on either p-type or n-type doping of cubic group
III-nitrides by MOCVD has been reported, Tanaka and colleagues reported
on the first cubic GaN p-n homojunction [98]. For further details and infor-
mation on the growth of cubic III-nitrides by MOCVD, see the chapter of J.
Wau in this text [99].

9.3.2.3 MBE

MBE is a physical method of thin-film deposition process in which thermal
beams of atoms or molecules react on the clean surface of a single-crystalline
substrate that is held at high temperatures under ultrahigh vacuum conditions
to form an epitaxial film. The most common way to create a molecular
beam for MBE growth is through the use of Knudsen effusion cells. The
crucibles employed in Knudson cells are mainly made of pyrolytic boron
nitride (PBN), which contains both the elemental group 11I atoms (Al, Ga,
In) as well as the dopants (Si, Mg). The temperature of the different crucibles
must be independently controlled to within £1 °C.

Deposition of GaN and group lll-nitrides by MBE requires the develop-
ment of appropriate nitrogen sources, because molecular nitrogen (N3) does
not chemisorb on Ga due to its large binding energy of 9.5 eV. To solve this
problem, different approaches currently are reported for the growth of cubic
and hexagonal group III-nitrides. The first approach is the use of gaseous
sources such as NH3 or 1,l-dimethylhydrazine (DMHy); this kind of MBE
is also called chemical beam epitaxy (CBE) or reactive-ion molecular beam
epitaxy (RMBE). In fact, the use of NH3, which dissociates at the growth
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front in a surface catalytic process, has recently become fashionable after
it was shown that high-quality layers could be obtained with this method
[99,100]. However, this compound is quite thermally stable and, as a result,
significantly limits the growth temperature. Therefore, lower growth tem-
peratures, such as those needed for low-temperature nucleation buffers or
for layers containing In, cannot be grown as easily with NH; [101]. DMHy
has higher reactivity than NH3 and is expected to produce better quality
crystals {54]. If additionally, metalorganic precursors are used for group ITT
sources, the method is also called metalorganic MBE (MOMBE). MOMBE
is still in the early stage of development [102,103].

The second approach utilizes plasma-activated molecular nitrogen via
DC-plasma sources, microwave plasma-assisted electron cyclotron res-
onance (ECR) plasma sources, or radiofrequency (RF) plasma sources.
DC-plasma assisted MBE was successfully applied for the growth of cubic
GaN [104). However, due to the low growth rate of 10 to 30 nmv/hr, imposed
by the limited nitrogen flux of the DC-source, the synthesis of a 1-pm-
thick film would require approximately 50 hr, making it almost impossible
to achieve stable growth conditions throughout such a run. In addition, with
increasing layer thickness, the surface morphology became rougher and
due to the formation of {111} facets that serve as nucleation sites for the
hexagonal phase, phase purity worsened.

Compact MBE-compatible ECR sources are commercially available.
ECR sources rely on coupling of microwave energy at 2.45 GHz with the
resonance frequency of electrons in a static magnetic field. Such coupling
allows for ignition of the plasma at low pressures and powers, and produces a
high concentration of radicals. In an ECR source, approximately 10 percent
of the molecular nitrogen is converted into atomic nitrogen. Because these
sources operate very efficiently at fairly low powers, they are usually cooled
only by air. A typical growth rate of an ECR source is about 200 nm/hr but
it can be raised up to 1 pm/hr if exit apertures with a large number of holes
are used [83]. A detailed description of the design and principle of operation
of microwave plasma-assisted ECR-sources is given by Moustakas [83].

RF plasma sources are among the most common sources in MBE growth
of I1I-V materials. Nitrogen plasmas are generated by inductively coupling
RF energy at a frequency of 13.56 MHz into a discharge chamber filled
with nitrogen to pressures of >10~% mbar. The discharge tube and the beam
exit plate can be fabricated from pyrolytic boron nitride (PBN), avoid-
ing quartz, which may be a source of residual Si or O doping of GaN.
The plasma sheath effect confines ions and electrons within the plasma
discharge regions, allowing only low-energy (<10eV) neutral species to
escape. Therefore, these sources are believed to produce significant con-
centration of atomic nitrogen. Due to the very high powers used in these
sources, up to 600 W, the plasma chambers usually must be water-cooled.
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RF sources permit growth rates up to about 1 wm/hr and are available from
a number of vendors.

The different species of N produced by the various kinds of plasma dis-
charge may also have a profound impact on the growth kinetics, depending
on whether the impinging species is an ionized molecule (N;L ) or atomic N
in an excited state (N*). In a recent study by Myers and co-authors [105]
using a quadrupole mass spectrometer, two different RF plasma sources
(Oxford Applied Research CARS-25 and EPI Vacuum Products Unibulb)
were compared. These sources typically produce a complex mixture of
active nitrogen superimposed on a background of presumed inert molecular
nitrogen. Whereas the Oxford source produced primarily atomic nitrogen
with little indication of the presence of molecular metastables, the EPI
source produced significantly less atomic nitrogen but, a significant flux
of molecular nitrogen metastables. As noted out by Newman [106], dif-
ferent compositions of the plasma are relevant for different mechanisms,
which can participate both in the growth and in the decomposition of GaN.
Ionic and neutral atomic nitrogen can take part in growth and decomposi-
tion, which is different from the molecular nitrogen metastables, for which
neglectable competition to growth occur. This may explain the relatively
low growth rates obtained with atomic nitrogen sources. In addition, both
atomic and metastable molecular nitrogen contain significantly more energy
than required for GaN formation. Incorporation of atomic nitrogen releases
this energy into the lattice where it can drive unfavorable reactions. In con-
trast, the excited molecule can incorporate one atom into the growing GaN,
whereas the other desorbs, carrying away the excess energy. Therefore,
the selection of the plasma source influences the growth rate, surface mor-
phology, and optical and electrical properties of the resulting epilayer. The
detailed influence of the different active nitrogen species, however, is not
yet clear and requires further study for both hexagonal as well as cubic group
IH-nitrides.

9.3.3 Plasma-Assisted MBE

Single phase cubic GaN epilayers were grown on GaAs (001) substrates
by plasma-assisted MBE using a Riber-32 system equipped with elemental
sources of Ga, In, Al, As, Mg, and Si [9]. The deposition system is schemati-
cally illustrated in Figure 9.3. For the N source, an Oxford Applied Research
CARS 25 RF-activated plasma source was used. The N3-background pres-
sure in the growth chamber was between 2 x 10~ mbar and 5 x 10~ mbar.
Before starting the c-GaN nucleation, a GaAs buffer layer was first grown at
600 °C under (2 x 4) reconstruction to ensure As-stabilized conditions. The
nucleation of ¢-GaN was initiated at the same substrate temperature using an
N/Ga flux ratio of about 4. After deposition of 10 to 20 monolayers (MLs),
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Figure 9.3 Schematic diagram of the MBE apparatus (Riber 32).

the nucleation stage was stopped and the substrate temperature was subse-
quently raised to 680 °C to 740 °C. The static GaN (001) surface exhibits a
clear (2 x 2) reconstruction during this period. The growth was continued at
the higher temperature level, varying the N/Ga flux ratio and the substrate
temperature. The growth process was monitored continuously by RHEED
and an RHEED image recording system.

The reconstruction of the growing surface is controlled primarily by sur-
face stoichiometry. Figure 9.4 depicts the surface reconstruction diagram
of c-GaN measured during growth. The V/III flux ratio is plotted versus
growth temperature. In this ratio, the flux rate of atomic N is related to the
Ga flux rate. We have found by mass-spectroscopic measurements that the
effective flow of atomic N arriving on the surface amounts to 1 percent to
7 percent of the Np-beam-equivalent-pressure, which is primarily depen-
dent on the total flow rate and the RF power applied. In addition to static
(2 x 2) reconstruction, we have observed ¢ (2 x 2) and (2 x 2) reconstruc-
tions as well as an unreconstructed (I x 1) surface during the growth, in
agreement with other published results [54,104]. At high excess of N, the
unreconstructed (1 x 1) surface is stable. Under Ga-stabilized conditions,
a ¢ (2 x 2) reconstruction appears; layers grown here show n-type con-
ductivity in Hall effect measurements [107]. The (2 x 2) reconstruction is
associated with N-stabilized conditions giving rise to p-type behavior. In a
narrow range between the ¢ (2 x 2) and (2 x 2) regime, both reconstructions
occur simultaneously with different intensities of the reconstruction lines,
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Figure9.4 Surface reconstruction of cubic GaN (001) as a tunction of growlh temperature and
N/Ga flux ratio. The dots represent the stability range of the Ga-rich ¢ (2 x 2) reconstruction,
the crosses show the stability range of the N-rich (2 x 2) reconstruction. A superposition
of both reconstructions occurs in a narrow range in between, indicating near-stoichiomeltric
composilions.

indicating a nearly stoichiometric adatom coverage. At temperatures lower
than 680 °C, this requires an N/Ga flux ratio larger than 1. For substrate tem-
peratures higher than 700 °C, Ga re-evaporation becomes significant. The
Ga loss from the surface must be compensated to stabilize stoichiometric
conditions. Thercfore, the N/Ga ratio decreases. Assuming that the Ga des-
orption is the dominant kinetic process limiting the growth rate, we have
calculated the respective activation energy. From the slope of the stoichio-
metric line, we find a desorption energy Ega = 2.11eV £ 0.2eV by an
Arrhenius piot. This is much lower than the value of 3.2 eV estimated from
Gas-Source MBE data { 108], and nearly comparable to 2.45 ¢V reported by
Brandt and co-authors [109].

Under optimum flux-ratio conditions of about 0.30 and a substrate tem-
perature of 740 °C , RHEED oscillations at the specular spot position in the
[—110] azimuth can be clearly seen (Figure 9.5). With these growth con-
ditions, the tendency to form mixed phases is suppressed and the growth
becomes increasingly two-dimensional due to the enhanced surface mobil-
ity of the Ga adatoms. The oscillations shown in Figure 9.5 appear after
growth interruption and opening of the Ga-cell shutter. The steep initial rise
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Figure 9.5 RHEED oscillations of cubic GaN (001) detected at the specular spot position in
the [—110] azimuth. The angle of incidence of about 1.57° indicates an out-of-phase condition.

of the specular spot intensity suggests that the growth onset is accompa-
nied by an effective surface smoothing. The oscillations are rapidly damped
and entirely disappear when the specular beam intensity is recovered to its
steady-state level. A growth rate of about 0.08 ML/sec is deduced from the
oscillation period. This value is in excellent agreement with the growth rate
derived from the total thickness of the layers measured by optical interference
spectroscopy.

Due to the metastability of the cubic phase of GaN, the structural perfec-
tion of epitaxial layers of this material is extremely sensitive to the growth
parameters. It has been found that only slight deviations from the ideal
stoichiometric growth conditions can influence the structural [110], optical
[10], and type of conductivity [107] of undoped c-GaN. Ga-excess at the sur-
face favors the formation of Ga-droplets and pm-size crystalline inclusions
{111], which are detrimental to the epilayer surface morphology. In addition,
in Ga-rich conditions, different types of surface irregularities are observed
as a result of successive melt-back etching in GaN and GaAs and solution
growth within Ga-droplets due to the change of the saturation conditions of
the liquid Ga-phase on the surface of the growing film [112]. On the other
hand, N-rich conditions seem to enhance the probability of the formation of
inclusions with hexagonal crystalline structure [9,104]}. For these reasons, it
is necessary to control the growth parameters during c-GaN MBE extremely
accurately. To do so, a method which allows an accurate determination of
the transition between the ¢ (2 x 2) and the (2 x 2) surface reconstruction of
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Figure 9.6 RHEED-pattern of the [—110] azimuth of a cubic GaN (001) surface under slightly
Ga-rich growth conditions. (a) is taken at dynamic conditions (substrate shutter open) (b) is
taken at static conditions (substrate shutter closed), (c) is linescans of both images taken at the
same posilion.

¢-GaN was developed [113]. The phase boundary, which is measured with
high accuracy, is then used as a reference point 1o establish slightly Ga- or
N-excess growth conditions. This method takes advantage of the fact that
the transition between the ¢ (2 x 2) and (2 x 2) surface reconstruction can
be monitored by the RHEED intensity of the half-order reconstruction Iygs
measured along the [—110] azimuth [114].

Figure 9.6 shows the RHEED patterns of the [ —110] azimuth of a c-GaN
(001) surface under slightly Ga-rich growth conditions at dynamic (left,
substrate shutter open) and static (right, substrate shutter closed) conditions.
Linescans, which were taken at the same position of the RHEED-patterns
are shown on the right side. One clearly sees the appearance of the half-order
streak under the closed condition. In Figure 9.7 the temporal behavior of the
intensity of the half-order streak /yos measured for a substrate shutter open-
close sequence is indicated. Iy is zero for the ¢ (2 x 2) and maximum for
(2x2) surface reconstruction. Therefore, the intensity of the half-order streak
is indicative for that fraction of the surface that is (2 x 2) reconstructed. It
has been suggested that the Ga-coverage of a ¢ (2 x 2) reconstructed surface
exceeds that of a (2 x 2) reconstructed surface [114] and Iy¢s can be related
to the Ga-coverage of the growing c-GaN epilayer during growth. The salient
teature of the curve is, however, that the increase of Iypy after closing the
substrate shutter is delayed by a time, #4, indicating that during this time, the
Ga-coverage of the surface exceeds that for ¢ (2 x 2). Because the Ga-flux
onto the surface is zero when the substrate shutter is closed, the existence
of a delay time indicates that during f;, a “reservoir” of excess Ga at the
surface is emptied, thus keeping the Ga-coverage high. As can also be seen
in Figure 9.7, t; measured after a growth period (shutter open) ol 4 min. is
equal to twice the value of t4 obtained after 2 min. growth. This supports
the assumption that 7y reflects the desorption of excess (physisorbed) Ga
which is accumulated at the surface during growth. Figure 9.8 shows ¢4 as



GROWTH AND CHARACTERIZATION 343

Intensity (arb. units)

0.01

Time (sec)

Figure 9.7 RHEED-intensity of the half-order streak in the {—110] azimuth of a cubic GaN
(001) surface. Growth interruption and restart of the growth are initiated by closing and opening
of the substrate shutter.

a function of the Ga-flux and a constant N-flux, clearly revealing the linear
dependence between t; (excess Ga at the surface) and the Ga-flux. It has been
well-established that excess Ga leads to the formation of micrometer-sized
crystals within Ga-dropets on the surface of c-GaN [112]. Growth conditions
which give a minimum of excess Ga at the surface are therefore absolutely
necessary for the growth of homogeneous, defect-free c-GaN layers. On
the other hand, because a deficit of Ga favors the formation of hexagonal
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Figure 9.8 Desorption time, f4, measured as a function of the Ga-flux (beam equivalent
pressure, BEP) with a constant N-flux and a constant substrate temperature of Ty = 720 °C.
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inclusions, the most desirable growth conditions are characterized by 1y = 0.
In the example shown in Figure 9.8, this is given by a Ga-flux equal to
(1.79 4 0.02) x 10~7 mbar. The optimum growth conditions are therefore
found by performing a few sequences of RHEED measurements at slightly
different Ga-flux and then extrapolating to t; = 0. The delay time, ¢4, also
depends on the substrate temperature, Ts. At constant Ga- and N-flux, ¢y is
proportional to the square root of the substrate temperature, indicating that
the desorption of excess Ga from the surface can be well-described by the
Langmuir equation.

In order to show the effectiveness of this method, three c-GaN layers with
three different sets of growth conditions equivalent to ty = 2 sec, ty = 5 sec,
and t; = [0sec after 2 min, of growth were prepared. The total growth time
was the same for all samples, resulting in a layer thickness of about 800 nm.
Micrographs of these ¢-GaN layers reveal a dramatic reduction by a factor
of nearly 100 of the droplet density with decreasing 14 (see Figure 9.9a).
Plotting the droplet density versus the square of the desorption time, ¢4,

i
-

dgfgctyag lOum 44x105 defects/cm? 10um| 4.6x10* detects/cm li()p—n:».

el
£
<

— T T T T T T T T T T T

(b)

o]
]
<

=
3

o
<

e
<

Droplet density (10* droplets/cm?)
)
[end

(=]

0 20 40 60 30 100
137

Figure 9.9 (a) Droplet density of 800-nm-thick ¢-GaN layers grown under different growth
conditions, The layers were grown wilh desorption times of 1y = 10sec, ty = Ssec, tg =
2sec (from left to right) corresponding to dropiet densities of 2 x 10% defects/em?, 4.4 x
107 defects/cm?, and 4.6 x 10% defects/cm?, respectively; (b) droplet density as a function of
the square of the desorption time, #4.
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results in a nice linear relationship, as shown in Figure 9.9b. This method
therefore allows one to establish growth conditions which lead to epilayers
that are nearly free of microcrystals. It also emphasizes the importance of
the careful control of the growth conditions in situ by RHEED to establish
optimal growth conditions just at the ¢ (2 x 2) to (2 x 2) surface phase
transition.

9.4 CHARACTERIZATION OF NOMINALLY
UNDOPED CUBIC GaN

9.4.1 Phase Purity

The metastable nature of c-GaN is a major difficulty for the growth of single-
phase layers. It is therefore important to clearly distinguish between the cubic
and the hexagonal phase when differently grown layers are compared.

The most common method used to analyze structural properties of
epitaxial films is high-resolution x-ray scattering. However, standard diffrac-
tometer @ — 2@ scans are unable to detect hexagonal subdomains, because
their c-axis may be tilted with respect to the cubic main axis [104,115].
Therefore, so-called reciprocal space maps have been used to measure
hexagonal phase inclusions in c-GaN epilayers [104]. Layers grown under
N-excess showed, in addition to the cubic (002) reflex, a pronounced diffrac-
tion peak which was attributed to a (10-11) reflection from hexagonal grains
with the [001] axis parallel to the [111] axis of the cubic phase. This result is
in good agreement with the interpretation of RHEED patterns from ¢-GaN
grown under N-rich conditions [9]. However, the x-ray intensity scattered
by hexagonal grains is small. Therefore, a high intensity of the primary x-ray
beam and relatively long measuring times are required to detect the hexago-
nal grains. For c-GaN epilayers on GaAs substrates, a phase purity of better
than 99.9 percent has been obtained.

Raman scattering is a second, very sensitive and straightforward tool for
the quantitative determination of a structural minority phase in GaN [110].
Although the electronic structures of the cubic and hexagonal modification
of GaN are quite similar, their lattice vibrations are expected to be different.
The wurtzite structure of GaN arises from the zincblende structure by first
compressing the crystal along the [111]-axis, which becomes the c-axis of
the hexagonal phase and, second, by changing the stacking of layers along
this axis, resulting in a doubling of the number of atoms in a primitive unit
cell. The compression splits the Tz-mode of the cubic phase into A and E;
modes of the hexagonal phase. Because the hexagonal distortion is small,
this splitting is also expected to be small. The doubling of the number of
atoms in the primitive cell results in six additional degrees of freedom for the
relative motions, giving rise to two B and two E; modes [116]. Because the
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selection rules are different for the cubic and hexagonal phase of the materi-
als, Raman scattering can unambiguously distinguish between both phases.
By comparing the intensity ratio of the allowed cubic and hexagonal modes
and by taking into account the relative Raman-coefficients [117], a quanti-
tative estimation of the hexagonal phase content is possible. A presumption
for this method is, however, that the epilayers are epitaxially grown on
the substrates. This can be proved by measuring the polarization depen-
dent of the phonon modes of the c-GaN epilayer and of the underlaying
GaAs substrate. In our ¢-GaN epilayers, the c-GaN mode showed the same
polarization dependence as the GaAs modes, verifying that c-GaN grows
epitaxially on the cubic GaAs substrate. From signal-to-noise ratio consid-
erations, the detection limit has been estimated to be about 1 percent and
this enables us to verify the phase purity of our cubic GaN samples down to
the 1 percent level [110].

Due to the smaller bandgap of c-GaN compared with ~2-GaN (by about
0.2eV), a first hint of the phase purity of the c-GaN can also be obtained
from PL measurements at low temperatures. All signals above the bandgap
of cubic GaN (3.305 eV) may result from the hexagonal phase. However, a
quantitative estimation of the hexagonal phase is difficult due to the involve-
ment of unknown recombination processes, which influence the relative
intensities from the two phases. In addition, due to the smaller bandgap,
free carriers generated in the hexagonal may diffuse into the cubic phase
material and recombine therein. In the best phase-pure cubic GaN epilayers,
the luminescence in the range between 3.3 and 3.5 eV is suppressed by more
than three orders of magnitude, compared with the near bandgap lumines-
cence of the cubic phase. By selectively exciting the luminescence with a
photon energy just between the two different bandgaps, the GaN phase from
which the luminescence originates can be estimated.

9.4.2 Structural Properties

9.4.2.1 TEM measurements

The defect structure of cubic GaN on GaAs substrate has been studied in
detail by high-resolution transmission electron microscopy (HRTEM) [118].
It has been shown that the nucleation occurs by the formation of nano-scale
three-dimensional islands, which have a well-defined epitaxial relationship.
Even in the smallest island of about 10 nm?3, the strain is relaxed by insert-
ing misfit dislocations. Misfit dislocation cores are detected at a distance of
every fifth {111} GaN lattice plane. These results directly demonstrate that
pure-edge-type misfit-dislocations are instantaneously formed during the
nucleation process and an extra {110} lattice plane is incorporated into
the edge of the growing island without any climb or glide mechanism [119].
The classical theories of misfit dislocation formation thus cannot be applied
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to this case [120]. The results can be explained by a coincidence or are also
called “magic mismatch” between the epilayer lattice constant, ag,n, and
the substrate lattice constant, agaas. A true coincidence would occur if the
ratio of the lattice constants, agyn/a@Gaas, €quals a ratio m/n, where m and
n are integers, If m = n 4 1, one additional lattice plane, that is, a simple
edge dislocation, is inserted in each unit cell of the coincidence lattice. In
general, however, a deviation from true coincidence is expected and a new
residual coincidence-lattice-mismatch fy = (magan — naGaAs)/MAGaAs
can be defined. Taking the most accurate values for the lattice constants at
growth temperature, agay = 0.455£0.01 nm and agaas = 0.568 £ 886 nm,
a value of fo = —(0.0002 £ 0.0020) is obtain by taking m/n = 4/5. The
introduction of an array of edge dislocations with a period of 5§ GaN lat-
tice planes is therefore sufficient to relieve nearly the entire misfit strain
of 20 percent and explains the phenomenon of heteroepitaxy on substates
with such a high lattice-mismatch. The residual deviation introduces elastic
strain at the interface in addition to the strain accomodated by the misfit
dislocations.

For the subsequent growth, the coalescence of the individual nuclei may
be responsible for the generation of secondary defects in the layers, as seen
with TEM (Figure 9.10). Whereas in isolated individual nuclei no planar
defects could be measured, the most prevalent structural defects obscrved
in thick cubic GaN epilayers are stacking faults and micro-twins. Because
the distance of the individual nuclei may not necessarily be in phase with
respect to their dislocation array, coalescence of individual nuclei may break
its periodicity and may create locations with very high local strain. These
local strain concentrations are believed to be the reason for the gencration

S A 0 nm

Figure 9.10 TEM image of a cubic GaN/GaAs (001) interface. Within the white lines along,
{111) planes one can clearly count that five planes in the GaN correspond to four lattice plancs
in the GaAs.
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of the observed stacking faults and micro-twins, which are able to fit the
coincidence lattice in the region of coalesced islands [119]. Figure 9.10
shows a cross-section TEM image of one of our cubic GaN/GaAs (001)
heterostructures taken along (1-10) direction. The interface is flat on an
atomic scale, with an overall vertical roughness of a few monolayers. A
regular arrangement of pure-edge dislocations appear at the interface, and
by carefully looking between the two white lines along {111} planes one
can clearly count that five planes in the GaN correspond to four lattice
planes in the GaAs. The periodicy is broken just at those locations from
which stacking faults originate. The density of these planar defects has its
highest value near the interface. At a distance of about 40 nm from the
interface, a reduction in dislocation density by about one order of magnitude
is observed [121] and the remaining planar defects are frequently arranged
in groups extending through the whole epilayer. Some of these stacking
faults mutually terminate when intersecting. The c-GaN films have a mosaic
nature and retrain the epitaxial relationship to the substrate throughout its
thickness.

Ruvimov and co-authors [122] reported that an exposure of the layer
surface to As flux during the growth of the first few monolayers resulted in
a remarkably flat GaN/GaAs interface with a typical interface roughness of
only three to four monolayers.

In the case of thick 3C-SiC substrate, which has a lower misfit of only
—3.7 percent, the lattice discontinuity is observed every 30 to 40 atomic
layers. Therefore, the defect density at the interface is much smaller than
that of the GaN/GaAs interface [54].

9.4.2.2 X-ray measurements

High-resolution x-ray diffraction (HRXRD) allows to measure the density
of extended defects in epitaxial layers. The full-width at half maximum
(FWHM) of the Bragg reflex measured in a direction perpendicular to the
diffraction vector (w-scan) is related to the intensity of extended defects in
the layer. The w-scan measures the intensity spread for the coordinate g
in reciprocal space arising from both mosaicity and finite lateral domain
size. Figure 9.11 compiles HRXRD data from c-GaN layers with a varying
thickness grown by MBE on GaAs [123,124] and 3C-SiC [54] substrates,
respectively. A clear decrease of FWHM with increasing layer thickness is
seen and the values given by Yang and colleagues [124] are quite comparable
to our data. The linewidths measured for c-GaN grown on 3C-SiC substrates
are approximately a factor of three narrower than that for layers grown on
GaAs substrates. This may be expected due to the lower lattice-mismatch
of this system. The clear trend of decreasing FWHM with increasing layer
thickness inmediately implies that the number of extended defects is reduced
in thicker epilayers.
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Figure9.11 FWHM of high-resolution x-ray diffraction rocking curves (w-scan) from c-GaN
layers with varying thickness grown by MBE on GaAs (001) (full circles are my own data, full
squares are data from Yang et al. {124]) and 3C-SiC (data from Okumura et al. {54]). The lines
represent the trends using the dislocation glide model by Ayers [125].

For the 3C-SiC case, where the lattice-mismatch is only —3.7 percent, the
dislocation glide model by Ayers [125] can be used to calculated the dislo-
cation density, Ny;is, as a function of layer thickness. This model predicted
the 1/thickness dependence of the dislocation densities and also achieves
an order of magnitude accuracy in quantiative predictions of the dislocation
densities for a number of heteroepitaxial systems. The full line through the
3C-SiC data shows this model calculation, which gives a relation between
the dislocation density, Ny, the lattice-misfit between substrate and epitax-
ial layer and the thickness of the epilayer. In the calculation it was assumed
that 60° dislocations with a Burgers vector of 0.32nm are the predomi-
nant defects in the layers. The trend of the calculated curve is in excellent
agreement with the values measured by Okumura and colleagues [54]. The
estimated dislocation density, Ng;yi, is shown on the right-hand scale of the
diagram. Unfortunately, this model cannot be applied to heteroepitaxial sys-
tems with mismatch greater than about 10 percent because in such systems
the misfit dislocations are so closely spaced that the continuum elasticity
theory cannot predict their line tension with acceptable accuracy. However,
if we shift the calculated line upward, one sees that for the c-GaN/GaAs
case, the same trend is observed (full line through our data). Therefore,
we think that the same defect annihilation process is also true in the GaAs
case. From the right-hand scale we estimated a dislocation density of about
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10'cm~2 for a 1-pwm-thick ¢-GaN epilayer on GaAs (001). The HRXRD
data are in good agreement with TEM investigations [124] which yield a
defect density in the order of 10° to 10" cm~2. In addition, TEM measure-
ments further showed that the density of stacking faults drastically decreases
with increasing layer thickness.

9.4.2.3 Rutherford backscattering

Rutherford backscattering (RBS), decharneling, and angular scan measure-
ments have been performed to study the crystalline perfection, the type
of defects responsible for dechanneling and to estimate the defect densi-
ties in cubic group Ill-nitrides. In addition, RBS allows to measure the
layer thickness and, most important, the In or Al content independently of
the influence of strain. Therefore, besides XRD-measurements, RBS has
become generally accepted as a technique for measuring the composition
of semiconductor alloys [126]. For RBS and channeling measurements a
2.0meV *He* beam with a current of about 12 nA produced by an acceler-
ator (7.5 meV Van deGraaff at the University of Freiburg) was used with a
backscattering angle of 165°. Details of the experimental setup and the mea-
surements are found in Portman and colleagues [127]. The layer thickness
and the In or Al concentrations in the samples can be determined directly
from the backscattering yield of the randomized sample orientation [128].
For this purpose, the samples are rotated on an 8° cone around the beam
axis during the measurement. The evaluation of these measurements is car-
ried out using the program “RUMP” [129]. The dechanneling yields are
normalized to the backscattering yield. To compare the dechanneling yields
of different samples, the random backscattering yields are also normalized
to each other. In Figure 9.12a the normalized yield versus channel number,
which is linearly correlated to the energy of the scattered ions, is plotted
for random (upper open circles, RBS spectrum) and (100} aligned direction
(lower full circles, channeling spectrum). From RUMP simulations (solid
line in Figure 9.12a), an epilayer thickness of 820 £ 40 nm is estimated for
this sample. The interface between the GaN layer and the GaAs substrate
can be seen around channel number 390. A low minimum yield at the surface
is found in the (100) channel, which is increasing slowly with increasing
depth. The axial angular scan in (100} direction of the same sample is shown
in Figure 9.12b. From a numerical fit a normalized minimum yield, ¥,
of 0.28 and a half-width at half angles, W12, of the angular scan spectra of
0.69° are determined, respectively. For a second thinner sample (not shown
here), both xmin and W2 increased. This increase of the minimum yield
and broadening of the channeling dip may be caused by a mosaic spread of
crystallites within the epilayers.

To determine the defect type responsible for dechanneling, the minimum
yield at the surface must be normalized to the minimum yield, xv, of a



GROWTH AND CHARACTERIZATION 351

Energy / MeV

08 1.0 1.2 1.4 L.6
@ 8000 1 i i i

GaN 251

L

)

Normalized yield

(100) RBS spectrum

10007« (100) Channeling spectrum T
—— RUMP RBS simulation
0 T — T T
400 500 600 700 800

Channe] number

b 12—

GaN 251

Normalized yield

Channeling dip ¢

] in (100) direction
03 Function f(*¥)
02 T T T T T T T
-2.0° -15° -10° -0.5° 0.0° 05 10° 15° 2.0°
Angle (V)
T T T T T T
e GaN 181

~——o— GaN 251
---4--- InGaN 305
,,,,, o--- InGaN 310 1

Sppip ™!

03° 04 05 06 07 08 09
Half-angle (¥ )
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Table 9.3  Layer thickness, normalized minimum yield, xix. and half angles, Wy 2, of the
angular scan spectra in (100) channeling direction and calculated dislocation densities, n p, of
two cubic GaN/GaAs (001) epilayers

Sample Thickness (nm) Xmin Y2 (°) np (cm™2)
GaN 181 465 +23 0.43 1.07 1.3 x 101
GaN 251 820 + 40 0.28 0.69 7.0 x 1010

nearly perfect crystal. Due to the lack of such a perfect, defect-free crystal,
we use the approximations for xy in a perfect crystal given by Lindhard
[130] and Barrett {131]. The normalized minimum yields are proportional
to the product of the dechanneling factor, op, and defect density, np. In
Figure 9.12c this product opnp is plotted versus the measured half-angle
W /2 for different channeling directions ({110}, (100}, (111)) and channeling
planes ({011}, {010}) and for two different GaN and InGaN samples. In all
samples, opn p, and therefore op, is approximately inversely proportional
to W¥1,2. This dependence of 6p on ¥ > indicates that scattering on disloca-
tions predominantly contributes to the dechanneling in our samples [132].
From the knowledge of the predominant defect type it is possible to calculate
the absolute defect concentration [132]. In all cases the dislocation densities
are in the order of 10'0 to 10! cm™2. The layer thicknesses estimated by
RUMP simulation, the half-width at half minimum (HWHM) of the anglular
scan in (100} channeling direction and the estimated dislocation densi-
ties are summarized for two different thick ¢-GaN/GaAs(001) samples in
Table 9.3.

The calculated dislocation densities are within experimental uncertainty
of the same order of magnitude as that estimated from HRXRD and TEM
measurements reported earlier. This confirms the observation that with
increasing layer thickness, the dislocation density decreases in the cubic
group IlI-nitrides.

9.4.3 Optical Properties

9.4.3.1 Refractive index and extinction coefficient

There are only a few studies concerning the fundamental optical proper-
ties of c-GaN, probably because the metastability of the cubic phase gives
rise to difficulties in growing thick enough ¢-GaN layers with a high-phase
purity. Petalas and co-authors [ 133] reported only pseudodielectric functions
for the layered structures close to the bandgap as determined by ellipsom-
etry, however, no analysis concerning the refractive index (n) of cubic
GaN was performed. Data for n below the bandgap have been published
by Lin and coworkers {134] for c-GaN grown on GaAs and by Vidal and
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colleagues [135] for c-GaN/MgO. At low energies (1.5eV) they differ by
about 7 percent, and the difference increases toward the bandgap.

The discrepancy can be related to methods applied in analyzing the trans-
mission/reflection spectra. First, the data obtained are principally determined
by the accuracy of the measured film thickness which was estimated to be
of £30nm [134] and +100nm [135]. Second, surface roughness and/or a
possible interface layer between the film and the substrate, which are known
1o have a strong effect on the magnitude and energetic position of reflection
and transmission interference extrema [ 136-138], are not taken into account
in both References 134 and 135. These effects can lead to an essential inac-
curacy of the determined refractive index, because it was obtained either as
an adjustable parameter from a fit to reflectivity spectra [134] or by measur-
ing the envelopes of the maxima and minirha of transmission interference
fringes [136] with subsequent analysis using a procedure that is valid only
within a one-layer model.

Recently, the refractive index and extinction coefficient of ¢c-GaN in the
energy range of 1.5 to 3.7 eV has been determined at room temperature with
high accuracy using combined reflectivity and spectroscopic ellipsometry
measurements [139]. A multisample fit has been used to obtain averaged
values for the refractive index and the extinction coefficient. The corre-
sponding results are shown by the solid lines in Figure 9.13a and 9.13b,
respectively. For comparison, previously published data are also presented
by triangles [134] and squares [135], where surface and interface properties
were not taken into account in determining the refractive index from optical
studies of epitaxial films. The roughness of the c-GaN film surface has been
studied independently by atomic force microscopy (AFM) and increases
with increasing film thickness. For a 1.16-pm-thick c-GaN sample, a typi-
cal root mean square (rms) value of the surface roughness, é 4, of 12.2 nm
is measured by AFM, which is in excellent agreement with that estimated
from the fit of the reflectivity data, §g, of 11.7 nm. In addition, for a quanti-
tative analysis of the data, a nonabrupt substrate-film interface layer, which
is assumed to be a mixture of both materials (GaN and GaAs), must be
assumed. Details of the analysis are given by Kohler and colleagues [139].

The consistency of the developed method is demonstrated if the obtained
optical parameters are used to fit the reflectivity spectra. Corresponding
results for the 1.16-wm-thick ¢-GaN sample are shown in Figure 9.14.
An excellent agreement over the whole measured spectral range between
experimental data (open circles) and the fit is found.

9.4.3.2 PLdata

Figure 9.15 shows the PL spectrum at 2K in a semilogarithmic plot for
a 0.8-pm-thick stoichiometrically grown c-GaN epilayer deposited on a
(001) GaAs substrate. The near band-edge spectral range is dominated by
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Figure 9.13 (a) Refractive index of cubic GaN as obtained from a multisample fit (solid line).
Triangles and squares are data of References 134 and 135, respectively. The dotted line shows
for comparison data for hexagonal GaN [138]. (b) corresponding results for the extinction
coefficient of c-GaN.

two well-resolved peaks at about 3.26eV and 3.15eV with an FWHM of
24 meV and 43 meV, respectively. As shown below, temperature-dependent
measurements of these two lines allow one to assign the 3.26eV emis-
sion to radiative recombination of an acceptor-bound exciton (A%, X) and
the 3.15eV line to a donor—acceptor recombination (D%, A%) [10]. Above
3.3 eV, which is the value of the low temperature gap energy of the cubic
GaN measured by photoreflection [45], the PL-intensity drops by more
than three orders of magnitude. In this spectral region we find no trace
of near-band-edge or defect-related [140] emission lines from inclusions
of hexagonal crystal structure. In the energy range below 3.1¢eV, at least
six further optical transitions (indicated by arrows in Figure 9.15) can be
observed in the PL-spectrum. With decreasing energy, the transitions occur
at 3.07eV, 3.03eV, 2.97eV, 2.85¢V, 2.65¢eV, and 2.4eV. The intensity of
these peaks are by more than one order lower than that of the dominat-
ing (D%, A®) transition and vary significantly between different samples.
Temperature-dependent measurement of these lines shows no characteris-
tic 25 meV shift as has been observed for the 3.15e¢V (DY, A%) transition.
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Figure 9.15 2K PL spectrum of a 0.8-pm-thick cubic GaN epilayer.
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For that reason, these lines are either band-acceptor (e, A%) or donor-hole
(D, ) transitions. Due to the larger binding energies of the involved defects,
the corresponding wavefunctions may be strongly localized. This reduces
the recombination probability for donor—acceptor transitions and favors the
band-impurity transition. Using a band-gap energy of 3.302eV [45], the
energy levels of the defects are estimated to be 0.232 ¢V, 0.272 eV, 0.332 ¢V,
0.452¢eV, 0.652eV, and 0.902 eV above the valence band or below the con-
duction band of ¢-GaN, respectively. Similar defects in c-GaN have also be
seen by Zinov’ev and coworkers [141].

Additional valuable information about the electronic band structure of
cubic GaN epilayers can be provided by studying the temperature and pres-
sure dependence of the optical transitions in semiconductors [10,142]. In
Figure 9.16 the temperature dependence of the 3.26 eV (full triangles), the
(e, AY) transition (full squares), and the (DY, A%) transition (full circles)
are plotted versus temperature. At temperatures above 100 K the peak posi-
tion of the exciton line follows the energy gap (full curve in Figure 9.16)
measured by photoreflectance {45]. Assuming an exciton binding energy
Eexc = 26 meV, the dotted line represents the temperature dependence
of the exciton emission energy. Above 100K there is excellent agreement
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Figure 9.16 Temperature dependence of the near-band-edge emission.
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between the experimental data and this curve. The 13 meV deviation at
low temperatures is attributed to an increasingly stronger contribution of
bound exciton transitions. Using Haynes rule [143], which has been con-
firmed in hexagonal GaN [144], and assuming that the excitons are bound to
acceptors, we obtain an acceptor ionization energy of about 130 meV. This
agrees well with the acceptor binding energy evaluated from the (DY, AY)
transition.

With a donor and acceptor energy of 25 meV and 130 meV, respectively,
and the temperature dependence of the energy gap (45], a temperature-
dependent emission energy of the (e, A?) and the (D°, A®) transition as
indicated by the dashed and dashed-dotted curves in Figure 9.16 are obtained.
The good agreement between the experimental data and the calculated curves
supports the interpretation that in the cubic epilayers, a shallow donor with
Ep = 25meV and an acceptor with E4 = 130meV are involved in the
observed near-band PL.

Figure 9.17 shows representative near band-edge PL spectra of a cubic
GaN sample measured at 10K for different hydrostatic pressures. At low
temperatures and for photon energies above 2.8 eV, the PL. emission is dom-
inated by the no-phonon bound-exciton recombination (A% X), the (D, A®)
transition and a line labeled L;, respectively. The energy position of the lines
labeled L; and L is inferred from the analysis of PL spectra taken at different
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Figure 9.17 PL spectra of cubic GaN measured at 10K for different pressures.
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Figure 9.18 Energy shifts as a function of pressure.

pressures and power densities, where these emissions are resolved as a high-
energy shoulder of the (D, A°) line and a peak on top of the broadband at
about 3 eV, respectively. With increasing pressure, all PL features above
2.8 eV shift to higher energies while decreasing in intensity. The latter effect
is primarily due to the lower throughput of the optical setup and the poorer
detector response in the ultraviolet (UV) range above ~3.3eV. For each
pressure, the PL spectra are analyzed by fitting Gaussian-line profiles in
order to obtain the corresponding PL-peak energy, intensity, and linewidth.
In Figure 9.18 the results for the pressure dependence of the PL-energies
measured at 10 K are summarized. The solid lines represent least-square fits
to the experimental data using second-order polynomials. The pressure coef-
ficients obtained here for the (AO, X)and L, lines as well as for the (D°, AO)
transition differ by less than 10 percent from that of the hexagonal modifica-
tion of GaN {145]. We can expect the pressure dependence of the direct-gap
energy, Egap, of the cubic phase to be essentially that exhibited by the bound
exciton transition, except for a rigid shift of Eg,p to higher energy as given
by the total exciton binding energy. This implies that the other observed
emission peaks arise from optical recombination processes involving elec-
tronic states which are closely related to the band-edge of c-GaN. This holds
with the exception of an additional feature (labled A) which is apparent
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from the PL spectra between the L, and L3 emissions and shows a marked
sublinear pressure shift (open diamonds in Figure 9.18a). The emission at
3.06eV is probably related to a deeper impurity level. Using a quadratic
relation, the pressure dependence of the c-GaN energy gap can be expressed
by Egap = 3.302eV +0.046 eV /GPa x P —0.00067 eV/GPa? x P2, with
the pressure P.

The energy difference, AE, between the exciton line and the ( Do, AO)
and Ly, Ly, and L3 lines is plotted in Figure 9.18b and is nearly constant over
the whole pressure range investigated. In highly polar materials like GaN, a
stronge electron-phonon interaction is expected, leading to the observation
of multiorder LO-phonon assisted emission. At ambient pressure, the energy
separation between the exciton and the Ly, L, and L3 peaks is nearly an inte-
ger times the LLO-phonon energy (92meV) of c-GaN. This also holds under
pressure as indicated by the dashed lines in Figure 9.18b, which represent
the Raman scattering results for the pressure dependence of the LO-phonon
and its overtone energies in c-GaN [146]. Within experimental uncertainty,
this agreement between PL and Raman data implies that the L,-lines are
LO-phonon replicas of the exciton transition.

The dominating near-band transitions [(D?, A%), (A°, X) lines] are
observed in all cubic GaN epilayers independent of the growth technique
used and also independent of the substrates used. Therefore, the ratio of
the PL-intensities of the (D%, A%) and bound-exciton (A%, X) lines is often
taken as a measure for the quality of the epilayers [91]. However, because
the nature of these two transitions is different, the intensity ratio depends
on the excitation intensity conditions. Recently, Daudin and colleagues [64]
also showed that the ratio of these lines depends strongly on the Ga/N flux
ratio and increases for Ga-rich conditions. Therefore, it is not possible to use
this ratio to compare different samples grown by different growth techniques
if they are grown at different laboratories.

Figure 9.19 shows the FWHM of the ( DY, AO) and bound exciton (AO, X)
lines and the FWHM of the w-scans of the GaN (002) Bragg reflex as a func-
tion of layer thickness. Both the FWHM of the ( DY, A%) and the FWHM of
the w-scans show a significant and very similar variation with layer thick-
ness. As already mentioned, the FWHM of the w-scan is correlated to the
density of extended defects in the layers. The full line in Figure 9.19 shows
the trend of the density of dislocation lines calculated by the model given by
Ayers [125]. Both the ( D°, A% linewidth and the rocking curve linewidth
follow this trend, indicating that the (DY, AO) linewidth also correlates with
dislocation density. Therefore, the FWHM of the ( D°, A% transition can be
used to compare the dislocation density of different samples measured by
different groups at different times. In contrast, the linewidth of the (AO, X)
is nearly independent of the layer thickness (dashed line), which is probably
due to the small excitonic radius in GaN.
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Figure9.19 FWHM of the PL-linewidths of the bound exciton transition (AO, X), and donor—
acceptor pair transition (DO, AO), x-ray rocking curve (full squares) versus thickness of the
cubic GaN epilayers. The full line shows the trend proposed by the “dislocation glide model”
of Ayres [125]. The open symbols are PL.-data from References 54, 64, and 91.

9.4.3.3 Cathodoluminescence (CL) data

At room temperature and under high e-beam excitation conditions (acceler-
ation voltage V;, = 12kV, e-beam current {, = 15nA), the cathodolumi-
nescenc (CL) spectrum of the stoichiometrically grown sample is dominated
by the near-band emission at 3.2 eV with an FWHM of 55 meV. This is within
the narrowest room temperature linewidth reported thus far for cubic GaN.
The CL-spectrum is seen in the inset of Figure 9.20 (lower curve). Detailed
lineshape analysis of this spectrum reveals that the emission consists of an
excitonic and a band-accceptor (e, A% transition [147]. Similar observations
have been made by Yang and colleagues [124], however the FWHM of their
luminescence lines was at least twice as large. Using the free-exciton energy
of 26 meV [10], a bandgap energy of 3.230eV is calculated for c-GaN at
room temperature. This value is in excellent agreement with other published
values [45]. The approach of the (e, A®) transition to the bandgap is due to
the ionization of the donors and to an additional correction term of kg T /2
resulting from the thermal distribution of the free carriers in the conduction
band. No deep-level emission can be seen under this excitation condition.
By reducing the excitation intensity of the e-beam, a broad CL-emission
band at 2.4eV is measured at room temperature. This is depicted in the
upper curve of the inset of Figure 9.20 (upper curve). For better compar-
ison both spectra have been normalized to the near—band-edge emission.
The strong variation of the intensity ratio between the deep luminescence
at 2.4¢eV and the near-band-edge luminescence with increasing excitation
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Figure 9.20 Room-temperature CL spectra of c-GaN excited with 10keV electrons: (a) high
excitation, (b) low excitation.

intensity is shown in Figure 9.21. In this diagram, the peak intensities of both
emission bands are plotted versus the electron-hole generation rate, which is
calculated using a standard model for the generation of the CL signal {148].
Changing the e-beam current and its focus allow us to vary the generation
rate by seven orders of magnitude [147]. The full lines in Figure 9.21 are cal-
culated curves using a simple model developed by Grieshaber and co-authors
[149]. It has successfully been applied to hexagonal GaN for the near—band-
edge emission and the so-called yellow-emission band. The model describes
the intensity of two radiative transitions as a function of the excitation
intensity and is based on rate equations which take into account transi-
tions between shallow impurities, deep levels, and continuum states. If the
different transition times are known, the deep-level concentration can be esti-
mated. For c-GaN, a reasonable transition time is about 0.1 ns {150]. Using
this value for the different recombination paths, a defect concentration in the
order of 1016 to 1017 cm™3 is estimated. With these parameters, an excel-
lent agreement between experimental data and model calulation is found (full
curves in Figure 9.21). Due to the observed strong excitation intensity depen-
dence, the deep level at 2.4 eV is excluded to be relevant for optical devices
like LEDs or LDs, which operate at much higher excitation conditions.
Depth-resolved measurements by varying the acceleration voltage of
the e-beam show a homogeneous distribution of the 2.4eV emission
line, whereas the near—band-edge luminescence strongly already decreases
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Curves are calculated for 712 = 1ns and a concentration of deep recombination centers
Ny = 1017 cm—3 (dashed), and 712 = 100ps and Ny = 1016 cm~3 (full), respectively. The
inset shows the proposed recombination model.

at 0.3 um. No evidence for an increase of the density close to the GaN/GaAs
interface is found. However, the density of nonradiative recombination
centers increases toward the GaN/GaAs interface.

9.4.4 Stimulated Emission and Optical Gain

For laser applications, the optical gain is the most important parameter to be
known. The optical pumping technique is the method capable of providing
the very high excitation densities necessary for the occurrance of stimulated
emission and lasing. Usually a pulsed laser is used for optical pumping in
order to generate sufficient numbers of carriers in the conduction band. To
obtain the high excitation density necessary for gain investigations, a dye
laser pumped by an excimer laser is used, providing pulses with a duration
of 15ns at a rate of 30Hz and a total energy of up to 20 uJ at 340 nm.
A schematic drawing of the experimental set-up is shown in Figure 9.22.
The sample is mounted in a bath cryostat at 1.8 K. Gain measurements are
performed using the variable-stripe-length method [151] both at 1.8 K [4] and
at room temperature [ 152]. The excitation spot is focused onto a L x 50 jum?
stripe, where L denotes the excitation length.

At 1.8K the gain spectra for various excitation densities up to
10MWcm™2 are displayed in Figure 9.23 of a 3-mm-long cubic GaN
sample. The spectra are smoothed to enhance the visibility of the observed
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Figure 9.22 Schematic drawing of the experimental set-up for gain measurements using the
variable strip length method. On the right side, the schemes of optical pumping is depicted: (a)
excitation beam with variable length of excitation stripe (L), (b) emission collected from the
sample edge (gain measurement configuration), and (c) emission collected from the top of the
sample (PL configuration).

spectral features. The threshold to obtain optical gain is 150 kWem ™2, result-
ing in a small structure at 3.265 eV with a gain value of 10cm™!. From the
spectral position only a biexciton decay—denoted as M in Figure 9.23—
is likely to be responsible for this gain structure. Therefore, the biexciton
binding energy in cubic GaN can be roughly estimated as 3 meV. In #-GaN
a value for the biexciton binding energy of 3.7 meV was observed [153].
No gain due to exciton-exciton-scattering—expected at around 3.24 eV—
is found. For increasing excitation densities of 500 kW/cm? and more, the
gain peak shifts above the bandgap of ¢-GaN. The peak position is 3.274 eV
at 500kWem~2 and 3.280eV at 1.5 MWcm ™2, The gain above the GaN
band-edge originates from band-filling processes, where the blue shift of
the cross-over gain-absorption is caused by a shift of the respective quasi-
Fermi levels of holes and electrons into the valence and conduction bands
[154]. At an energy of 3.219 eV another gain peak is observed, labeled EHP.
With increasing excitation density, this gain peak dominates the spectrum.
Its peak position shifts to lower energies with increasing excitation density
(3.210eV at 5 MWcm™—2). From the energy position and the intensity depen-
dent behavior, we attribute this gain structure to an electron-hole-plasma.
This process provides the highest gain values up to 210cm~!. In compari-
son, the hexagonal and cubic GaN epilayers exhibit similar gain mechanisms
at comparable excitation densities {155].
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Figure 9.23 Gain spectra of cubic GaN for various excitation densities up to 10 MWcm ™2
at 1.8 K. The intensity scale of the lowest gain spectrum has been expanded for visibility. The
dotted lines indicate the energy shift of the peak position and the crossover gain absorption,
respectively.

Figure 9.24 (left side) shows the 2 K spectra of the edge emission from a
cleaved sample with a cavity length of 250 um at different excitation den-
sities on a linear scale. Above the threshold excitation of | MW/cm? a peak
at 3.26 eV appears, exhibiting a strong increase of the edge emission with
excitation intensity and a strong polarization dependence. The emitted light
is strongly TE polarized, as expected for an edge-emitting cleaved facet.
For higher densities up to SMW/cm?, a slight shift to lower energies of
the peak position is observed, indicating the increased carrier density in
the sample. In Figure 9.24 (right side) the results of intensity-dependent
edge emission measurements for 250, 450, and 550 pum c-GaN samples are
summarized. For all the samples the same optical features are observed—a
strongly polarization-dependent stimulated emission peak occurs above a
certain threshold, exhibiting a superlinear increase with increased excita-
tion density. The threshold for the onset of stimulated emission increases
with reduced cavity length, L, which is in accordance with the well-known

formula Iipyes =~ L7} [156].
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Figure 9.24 (a) TE-polarized edge emission from a cleaved ¢-GaN/GaAs sample with a
450 wm cavity at different excitation densities at 1.8 K; (b) integrated intensity of edge emission
spectra versus excitation density from cleaved cavity samples with cavity lengths of 250 pm,
450 wm, and 550 wm, respectively.

The room temperature spectrum of the edge emission of the cleaved sam-
ple is shown in Figure 9.25 and exhibits similar optical features as strong TE
polarization and superlinear increase of edge emission. From these features
the peak can be attributed to the stimulated emission of c-GaN. However, no
Fabry-Perot modes are observed which are expected to be separated by about
0.4 meV. Imperfections of the cavity facets, excitation pulse variations, and
mode hopping are possible reasons for the unstructured stimulated emission
spectra. The lateral confinement is believed to be caused by the interface
sample-air on one side and the illuminated and nonilluminated parts of the
sample on the other. The magnitude of the pump power locally changes
the refractive index and, therefore, a lateral confinement necessary for the
feedback is provided [157]. This is confirmed by micro-PL measurements,
where it was found that the most of the light is emitted from the cleaved
facets of the samples.

Similar to observations in hexagonal GaN {158], the threshold value of
1.6 MWcm™2 at room temperature also indicates that in c-GaN the onset of
stimulated emission is less sensitive to changes in temperature. This may
be a consequence of the high stability of GaN toward temperature. With a
cleaved sample of 450 um cavity, room-temperature—stimulated emission
is observed at 1.6 MWcm™—2, These are significantly lower threshold values
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Figure 9.25 Edge emission at room temperature from a c-GaN sample with a cavity length
of 450 um. The upper spectrum shows the stimulated emission above 1.6 MW/cm?; the lower
spectrum is the broad, unstructured emission below threshold.

for cleaved cubic GaN than those reported by Nakadaira and Tanaka [159].
Due to the simple procedure of cleaving laser facets, the high potential for
LED applications of cubic IlI-nitrides is evident.

9.4.5 Electrical Properties

To investigate the electrical properties of cubic GaN, three different types
of samples have been grown by plasma-assisted MBE. The first series
of samples is grown under N-rich condition (2 x 2 surface reconstruc-
tion), the second under stoichiometric conditions (at the phase transition
between (2 x 2) and ¢(2 x 2)), and the third series is grown under Ga-rich
conditons (c(2 x 2) RHEED pattern). To determine the electrical prop-
erties of these epilayers, Hall effect measurements are performed with
square-shaped samples (Van der Pauw geometry) between 240 K and 380 K.
Gold wires soldered by In show Ohmic characteristics for this tempera-
ture range. The experimental apparatus is equipped with a high impedance
current source and a Keithley 7065 Hall effect card. This enables mea-
surements of high resistivity samples up to an input resistance of 100 TS2.
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Figure 9.26 The concentration of holes in cubic GaN epilayer (a) and their mobility (b) as a
function of 1000/ T. Layers are grown under N-rich conditions ((2 x 2) RHEED pattern, full
symbols) conditions.

All measurements are done with the sample in the dark and at a magnetic
field of 0.3 T.

Figure 9.26a shows the carrier concentration as a function of the inverse
temperature for c-GaN layers grown under N-rich conditions (full squares).
The hole concentration, p, is obtained from the experimental Hall constant
Ry by p = rg/qRy (g = electronic charge); the Hall scattering factor,
ry, is assumed to be 1. In the whole temperature range investigated, the
samples are p-type. For N-rich ¢-GaN layers, a hole carrier concentration
between 2.2 x 10! cm~3 and 2.8 x 10'* cm 3 is measured. Due to the high
resistivity of these samples, reliable measurements are possible only down
to temperatures of about 240 K. The temperature dependence of p yields
an acceptor activiation energy of E4 = 0.441 + 0.015eV. Due to the high
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acceptor activation energy, an acceptor concentration of about 2 x 1020 cm—3
can be estimated.

The hole mobility up versus 1000/T is shown in Figure 9.26b. For sam-
ples grown under N-rich conditions, a mobility of 350 cm®/Vs is measured at
room temperature, which is comparable to the best value reported for 2-GaN
by Rubin and co-authors [160] and is in agreement with recent theoretical
calculations [161]. The temperature dependence of . is clearly dominated
by polar optical phonon scattering. Using e, = 5.35, &9 = 9.5, mj = 0.75
[2], TLo = 1065K [110] for c-GaN, and an expression given by Look
[162] for the mobility due to polar optical phonon scattering, i po, the solid
curve in Figure 9.26b is calculated, which is in excellent agreement with the
experimental data (full symbols).

The Hall carrier concentration measured as a function of temperature for
the nominally undoped c-GaN sample grown under stoichiometric growth
conditions is shown in Figure 9.27a. Due to the presence of a resid-
ual intrinsic acceptor level, a background hole concentration is measured.
This hole concentration increases from p = 3.7 x 1013cm=3 at 100K to
p = 2.0 x 10" cm™3 for T = 350K. The carrier concentration behav-
ior in the low temperature region allows us to determine an activation
energy of E4 = 166 meV for the acceptor. Therefore, an acceptor con-
centration of N4 ~ 4 x 10¥cm™3 can be estimated for the nominally
undoped sample. At temperatures above 300 K, the measured data deviate
from the expected values, indicating the contribution of an additional, deeper
acceptor level—perhaps the one observed under N-rich conditions. The mea-
sured hole mobility is presented in Figure 9.27b as a function of the inverse
temperature. The mobility initially increases with temperature, reaching a
maximum value of 1250cm?/Vs at T = 120 K, and then decreases to a
value of 283 cm?/Vs at room temperature. As can be seen in Figure 9.27b,
the T3/2 behavior, shown at low temperature, suggests that in this region the
mobility is limited by ionized impurity scattering. Above 120 K the decrease
of mobility is again probably due to phonon scattering.

To study the influence of compensation, the hole mobility is plotted ver-
sus hole concentration at room temperature in Figure 9.28 (full triangles). In
addition, room temperature values for c-GaN (full symbols) and for #-GaN
(open symbols) already published by other authors [20,23,97,160,163,164]
are also included in the figure. The full curves represent calculated room
temperature mobility values as a function of hole concentration for vary-
ing compensation ratios ® = Ng / Ng (N9, Ng concentration of neutral
donors and acceptors, respectively) assumes an effective hole mass of
0.75 * m,. In this calculation, contributions of polar optical phonon scat-
tering, acoustic phonon scattering, and ionized impurity scattering have
been taken into account. At low hole concentration, the mobility is lim-
ited to a maximum value of about 300cm?/Vs by LO-phonon scattering.
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Figure 9.27 Hole concentration (a) and the mobility (b) of a cubic GaN epilayer as a function
of 1000/ T . Layer is grown under stoichiometric growth conditions just at the surface phase
transition between (2 x 2) and ¢(2 x 2).

Above 101°cm™3 jonized impurity scattering and compensation effects
reduce the mobility. The experimental data (full triangles) are in agree-
ment with the calculation and follow the upmost curve. This supports
the interpretation that polar optical phonon scattering is the dominating
scattering mechanism at room temperature. However, the measured hole
concentration is to low for an unambiguous determination of the low
compensation ratio. Recently published mobility values of ¢-GaN sam-
ples codoped with Be and O [23] are also included in Figure 9.28 and
are in agreement with the calculation. The hole mobilities measured for
h-GaN (open symbols) are all below the best values reported for cubic
samples. Two reasons may be responsible for this effect. First, the effec-
tive hole mass may be larger in hexagonal material than in cubic and,



370 D.J.AS

1000 p—rrrrmr—r—rrm—r Ty
v

~ 100 |

@ E - my,=0.75mg

&

g

N

z

Z

=}

= 10k

FR PR EESUT EEPETI PP PRI T R R

1012 1013 1014 10]5 1016 1017 1018 1019 1020

Hole concentration (cm‘3)

Figure 9.28 Room temperature mobility versus hole concentration for cubic GaN (full sym-
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most likely due to the different growth method, A-GaN may be more
compensated.

In contrast to samples grown under N-rich conditions, samples grown
under Ga-rich growth conditions ((2 x 2) RHEED-pattern) are n-type
[107]. The full squares in Figure 9.28a shows 1/(q|Ru|) versus 1000/ T
measured with a c-GaN epilayer grown under Ga-rich conditions on a semi-
insulating GaAs substrate. The triangles are the corresponding values of the
450-pum-thick semi-insulating GaAs alone, which is dominated by the ther-
mal activation of the EL2 defect (0.75e¢V) [165]. At high temperatures,
1/(g|Ru]) of the GaN exceeds that of the GaAs substrate by only one
order of magnitude. In addition, the measured mobility (see Figure 9.28b)
increases with increasing temperature and is much higher than expected for
GaN layers [166]. Therefore, the influence of the underlying GaAs sub-
strate cannot be neglected and a two-layer model [165] for the evaluation
of the epilayer doping level is used. The temperature dependent electron
concentration in the GaN epilayer shows two different slopes at low and
high temperatures, yielding two donor levels at Ep = 0.16 + 0.07eV
and Epp = 0.60 & 0.10eV. Similar donor levels have been observed in
n-type h-GaN layers by Go6tz and colleagues [167,168]. The temperature
dependence of the electron mobility in the GaN layer is assumed to be
dominated by polar optical phonon scattering at high temperatures and by
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scattering at dislocations [169] at low temperature. From the half-width of
x-ray rocking curves and RBS measurements, the number of dislocation
in the samples is estimated to be about 10! to 10'! cm~2. The mobility
aaN in the GaN epilayer is than calculated via Matthiessen’s rule [162].
The calculated curves for 1/(q|Ryg1), g (full curves), ngaN, can (dashed
curves), the shallow and deep donors, and 1, and pgis (dotted lines) are
also shown in Figures 9.29a and b, respectively. The general trend that p g
increases with increasing temperature is reproduced, supporting the inter-
pretation that a two-layer model is necessary for the explanation of the
experimental data.
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Figure 9.29 Full squares are experimental data of (a) 1/q - | Ry | and (b) mobility as a function
of 1000/ T for a c-GaN epilayer grown under Ga-rich conditions (¢(2 x 2)—RHEED pattern)
on a semi-insulating GaAs substrate. Full triangles are experimental data of the GaAs-substrate
alone. Dashed and dotted curves are the assumed input data for the two-layer model calculations
(full curve).
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The effect that the conductivity of the underlaying GaAs is seen only for
n-type layers may be due to the alignment of the band-edges in GaN and
GaAs. Recent measurements of the conduction band discontinuity between
GaAs and GaN by angle-resolved photoelectron spectroscopy report a very
small conduction band offset of only 0.03 eV [170]. Therefore, for electrons
nearly no barrier exists to drift into the highly mobile GaAs substrate and
two-layer conductivity occurs. However, for holes the large valence-band
discontinuity prohibits this effect.

For materials grown by MBE, the nature of the impurities is usually better
known than by other vapor phase epitaxy techniques. Only very few foreign
impurities are expected to residually contaminate the grown epilayers. Apart
from native defects such as vacancies of Ga (Vg,), vacancies of N (Vy), or
antisite defects such as Gan and Ng,, foreign impurities may diffuse from
the substrate or will be built in via the vapor from insufficient pure source
materials. This forms a residual background of dopants. In the case of GaAs
substrates, As as well as C could probably contaminate the GaN epilayers.

A theoretical consideration of the positions of defect energies [171-173]
shows very close proximity to our experimental results. In Figure 9.30, the
theoretically proposed energy levels of intrinsic defects calculated by tight
binding [171] and ab-initio method [172,173] are depicted. Due to the lack
of data for cubic GaN, data for hexagonal GaN are used. Within the accuracy
of calculations and experimental errors, only the energy levels of the Vga
and Ng, are deep hole traps. Their ionization energy is in agreement with
the measured activation energy E4 = 0.445¢eV for the p-type c-GaN layers,
which are grown under N-rich conditions. Due to the high activation energy
of these defects, only a very small fraction (<10~7) is thermally ionized and
contributes to the p-type conductivity measured. From the measured hole
concentration and the activation energy, a quite large defect concentration
of about 10?0 cm™=3 is estimated. :

With increasing Ga-pressure, the number of Vga or Ng, defects will
be reduced. For layers grown under stoichiometric conditions, diffusion
of As or C from the substrate may lead to the residual p-type doping of
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Figure 9.30 Energy levels of intrinsic defects calculated for hexagonal GaN after
(a) Boguslawski et al. [172], (b) Neugebauer et al. [173] and (c) Jenkins et al. [171].
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about 10'¢ cm=3. Both the group IV impurity Cy as well as the isoelectronic
impurity Asy on the N site are expected to form defect states just above
the valence band of GaN {171,172]. Another posible explanation for the
residual p-type doping of cubic GaN epilayers may be electrically active
dislocations. X-ray measurements and RBS experiments showed that the
dislocation density, Ny, is in the order of 3 x 10 cm™? for 0.7-pm-
thick cubic GaN layers. Dividing Ng;s by the lattice constant of ¢-GaN
(@cup = 0.452 nm) a residual acceptor concentration of about 6 x 108 cm=3
is estimated. This value agrees within experimental error with the acceptor
concentration estimated from the temperature-dependent Hall measurements
for the stoichiometric case.

A further increase of the Ga-vapor pressure results in the formation of a
sufficient amount of Vi or in the intfoduction of shallow donor impurities
such as Si or O which compensate the residual acceptor impurities and
converts the conductivity to n-type.

9.4.6 As: An Isoelectronic Impurity or An Ideal
Surfactant

The interaction between As and GaN has long been recognized to be
important for material properties on nitride semiconductors. There exists
significant interest in the formation of the nitride alloys GaAs,Ni_, and
InyGa; _,AsyNj_, [174]. These alloys have been found to exhibit very lim-
ited solubility. However, because of the large bandgap bowing [175,176],
even the addition of a few percent of N to GaAs or In,Ga;_,As results in a
sizeable modification (reduction) of the bandgap. This allows the realization
of long-wavelength semiconductor lasers with high temperature stability
for optical fiber communication {177,178]. A large red shift in the PL was
also observed on the GaN-rich side of GaNj_,As, [179]. The experimen-
tally estimated bowing factor was 19.6 eV and the maximum As content y
of GaNy_,As, was 0.94 percent, respectively. At growth conditions with
higher As fluxes, phase separation was observed. Nevertheless, the addition
of small amounts of As to GaN and In, Ga;_, N offers a further way to extend
the spectral range of nitride semiconductors into the red.

In this section, the effect of the presence of an As background pressure
on growth as well as the effect of incorporation of As in GaN in the diluted
limit is discussed. This is particularly an issue in MBE, where previous
growth of arsenides in the same chamber results in a high As background.
For the growth of cubic GaN the presence of As has the following impacts.
First, investigations by Ruvimov and colleagues {180] and Chen and col-
leagues [181] have shown that the exposure of the layer surface to an As
flux during the growth of the first few monolayers at temperatures of about
580 °C to 600°C (low-temperature buffer layer) results in remarkably flat
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GaN-GaAs interface. Detailed studies on the nitridation of the GaAs (001)
surface have also been performed by Jung and coworkers [182] and Lu and
coworkers [183]. These researchers found that extensive nitridation results
in rough surfaces, which favors the growth of hexagonal GaN inclusions.
However, a controlled supply of As can suppress the surface roughening
during the nitridation process on the GaAs surface, facilitating the growth
of high-quality cubic GaN.

The presence of As has been found to completely modify the surface
reconstructions observed by MBE-grown samples at temperatures between
600 °C and 800 °C. By exposing cubic GaN (001) grown on (001) SiC sub-
strates to an As background pressure (beam equivalent pressure: 10~8 Torr),
the originally observed (4 x 1) (N-rich condition) or (1 x 1) (Ga-rich condi-
tion) surfaces rapidly transform irreversibly to a (2 x 2) or ¢(2 x 2) surface,
respectively [184]. Upon increasing or decreasing the Ga flux, the reversible
(2 x 2)/c(2 x 2) transition is observed, as is usually the case when grow-
ing GaN on GaAs. Therefore, it is believed that As is responsible for these
latter reconstructions when growth is carried out on GaAs (001) substrates.
This behavior is also supported by theoretical calculations which showed
that, indeed As-covered reconstructed GaN surfaces have the lowest surface
energies [185]. When growing on GaAs substrates common growth tem-
peratures are between 600 °C and 800°C. At this growth temperature, As
desorption from the underlaying GaAs substrate is most probably occuring.
Furthermore, to improve the initial surface, an As-stabilized GaAs buffer
layer is usually deposited before growth of GaN and a residual As pressure
in the order of 108 to 10~ mbar remains in the MBE chamber.

Besides the reconstruction modification effect, As ambient pressure
turned out to affect GaN growing surfaces in two additional ways. First, the
reconstructed flat surfaces are stabilized up to temperatures of 800 °C. This
allows the growth at higher temperatures, which is preferable for epitaxy
to improve crystalline quality. Second, the amount of hexagonal inclusions
within the metastable cubic phase is suppressed [186]. In the presence of As
during growth, GaN is forced to adopt the crystal structure of the underly-
ing zincblende structure. This is accomplished by an interchange between
the mobile active nitrogen species and the As atoms occupying the group V
lattice of the zincblende structure. Considering the bond strength of Ga-As
(47.7 kcal/mol) and Ga-N (96.8 kcal/mol), N is expected to replace As and
bond to Ga more readily. The displaced As atom will recombine with another
As atom to form a dimmer, then desorb from the growth surface. These
As—As-dimers are proposed to give rise to the observed (2 x 2) surface
reconstruction. Because the Ga—As bonds will initially be formed in a tran-
sient state on the surface, the more stable cubic GaAs surface structure
will act as a template for subsequent growth of cubic GaN. Therefore, by
increasing the As flux, the overall proportion of the cubic GaN phase can
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effectively be raised and, at the same time, the hexagonal GaN phase can
be reduced. In this way, As acts as an efficient surfactant and improves the
phase purity.

The incorporation of As in epitaxial layers of hexagonal GaN on GaAs
substrates obtained by MBE has been investigated by means of SIMS, Auger
electron spectroscopy (AES), x-ray spectral microprobe analysis, scanning
electron microscopy (SEM), and x-ray diffraction [187,188]. Hexagonal
GaN layers grown at a substrate temperature of 700 °C and under As fows
up to magnitudes of the order of 1 to 2 x 10~ Torr showed a maximum
amount of As in the epilayers of about 1 to 2 x 101® cm~3, with a homoge-
neous As distribution over the thickness of the GaN layer. However, SIMS
measurements on #-GaN epilayers grown under identical conditions on GaP
substrates measured similar As céncentrations of the order of 10! cm~3. In
this way, diffusion of As from the GaAs substrates can be excluded as the
source of the incorporated As. Cheng and co-authors {187] further observed
that the GaN crystal structure can readily be switched from the hexagonal
phase to the zincblende phase by varying the As overpressure. To explain
a background doping level of 10!9 cm=3 in the ~-GaN without external As,
a partial pressure of 1072 Torr is needed, assuming that the As4 attachment
probability is equal to 0.5. This value is completely realistic for an MBE
set-up in which GaAs is grown regularly. Whereas Ber and colleagues [188]
observed that the incorporated As concentration in #-GaN is nearly indepen-
dent on the substrate temperature in the temperature range below 700 °C,
Okumura and coworkers [189] also measured by SIMS that, in cubic GaN
the amount of As is two orders of magnitude higher for samples grown at
600 °C, compared with samples grown at 800 °C.

To date, the influence of As doping on the optical and electrical properties
of cubic GaN has not been studied in detail. Only Okumura and co-authors
[189] reported an additional line at about 3.07 eV in the low-temperature PL.
spectra in samples grown at low substrate temperatures with As exposure.
However, because this layer showed severe degradation in layer quality,
contrary to their interpretation, the exact origin of this line has yet to be
clarified. Theoretically, the behavior of the isolated As isoelectronic impu-
rity and As—As pairs was investigated by Mattila and Zunger {190,191]. In
agreement with experimental studies performed on MOCVD-grown A-GaN
samples, in which isoelectronic As ions were implanted [192], theoretical
calculations showed that isolated GaN: As induces a deep, threefold degener-
ated p-like (#2) defect level about (.75 eV above the valence band maximum,
which acts as the origin of the observed luminescence transitions. As-related
luminescence centered around 2.59 ¢V (480 nm) at room temperature was
also reported by Li and colleagues [193] and Tsatsul’nikov and coworkers
[194]. In the first case, AsH3 was used as the As precursor during MOCVD
growth, and in the second case a 30-nm-thick GaAs layer was embedded in
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a GaN host. During high-temperature overgrowth, diffusion of As resulted
in the formation of a thick As-doped A-GaN epilayer. The PL-spectrum of
this structure resulted in a new line with a maximum at about 2.5¢eV.

For the AsH3 doped epilayers, the As related peak showed a small blue
shift with decreasing temperature, from 2.59 eV (480 nm) at room temper-
ature to 2.63 eV (470 nm) at liquid helium temperature. From temperature-
dependent CL measurements, arapid decrease in the As-related peak occured
above 100K and a thermal binding energy of ~50 meV was found. It is well-
established that isoelectronic impurities can form hole (electron) traps in
semiconductors if their electronegativities are sufficiently smaller (larger)
than the atom of the host lattice for which they substitute. If indeed the
As-related peak is due to isoelectronic bound excitons, then the electri-
cally neutral As atom, which is less electronegative than the host N atom,
should trap a hole first and then bind to an electron through a Coulomb
field. The thermal activation energy found is probably the energy it takes
to release the electron. Time-resolved PL measurements show a lifetime of
about 100 ns for the As-related emission. All these observations are consis-
tent with the assumption that the emission at 2.59 eV (480 nm) is related to
isoelectronic-bound excitons.

Using radioactive isotopes an unequivocal proves that the optical transi-
tion at 2.59 eV found in PL spectra of h-GaN is caused by a recombination
center involving one As atom located on an N site was given by Stétzler and
colleagues [195]. For that purpose, A-GaN epilayers were ion-implanted with
the radioactive isotopes 7' As and 7%Se. The isotope 7! As (half-life 64.28 hr)
decays first into 7'Ge (11.43 d), which finally transmutes into stable 71Ga.
The isotope 72Se decays via 7?As (26 hr) into stable 7>Ge. These chemical
transmutations were monitored by PL spectroscopy. As, Se, and Ge were
found to produce luminescence bands at 2.58 ¢V, 1.49¢V, and 3.398¢V,
respectively. The half-lives resulting from exponential fits of the PL data
were in excellent agreement with the half-lives of the isotopes. Therefore,
in h-GaN the 2.59 eV emission can unambiguously related to Asy.

Assuming that the same As-related defect level exists in cubic phase GaN
and taking into account that the bandgap of cubic GaN is lower by about
200 meV, an As-related transition at about 2.4 eV is expected. Indeed, a broad
dominant luminescence band has been observed in cubic GaN epilayers by
CL at room temperature at low excitation conditions [147]. In analogy, this
band may be attributed to As. Depth-resolved measurements further revealed
that the distribution of the deep recombination centers involved in the 2.4
band was homogeneous in almost the whole epilayer. By using a simple
recombination model, it was also possible to estimate a concentration of the
deep recombination centers of about 10'6 to 107 cm ™ from the CL-intensity
dependence versus electron—hole generation rate. As discussed above, both
the homogeneous distribution as well as the amount of defect centers are
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Figure 9.31 Low-temperature Raman spectrum of the defect modes in cubic GaN grown on
GaAs. The spectrum was taken in the z(..)z configuration at 2 K with excitation at 514.5 nm
(2.41eV).

in agreement with that expection from As-background doping and further
confirms the assignment.

The influence of As on the vibrational properties was studied by Siegle and
colleagues [196,197]. It was shown that in low-temperature Raman spectra
of c-GaN films grown epitaxially on GaAs, in addition to the host phonons
(TO-phonon 555 cm~L, LO-phonon 741 cm™! [110,116]), a series of sharp
lines in the energy range from 95 to 250 cm ™! exists. Over 10 lines, the most
intense ones located at 95, 125, 150, 190, 220, 235, and 250 cm ™!, are shown
in Figure 9.31. The intensity of this line decreases nearly exponentially with
increasing temperature. The thermal activation energies of the different line
were found to range between 10 to 60 meV. Because a vibrational Raman-
scattering process should exhibit the opposite temperature behavior,
Ramsteiner and co-authors [198] interpreted these excitations as electronic
Raman transitions in a shallow donor. However, magnetic-field— and high-
pressure—dependent Raman measurements contradict this interpretation and
definitely showed that they are of vibrational origin [197]. Low-temperature
Raman measurements taken with different excitation wavelengths between
459nm (2.71 eV) and 647 nm (1.92 eV) further demonstrated a strong reso-
nance behavior of the defect lines. The most intense lines were observed at
an excitation energy of 514.5 nm (2.41 eV). This resonance behavior coin-
cides exactly with the broad dominate luminescence band at 2.4 eV observed
in CL measurements {147], which therefore is attributed to be As-related.
To prove the assumption that the incorporation of As is responsible for these
lines, h-GaN samples grown on sapphire were intentionally doped with As.
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SIMS measurements revealed an As concentration of around 1018 cm=3 in
this hA-GaN layer. Indeed, in the low-temperature Raman spectra of these
h-GaN:As samples, strong lines located at 96, 178, and 235 cm ™! appeared,
demonstrating that the responsible defects are related to As impurities in the
GaN material. Recently, theoretical cluster-model calculation of local vibra-
tional modes using a modified valence-force model of Keating and Kane
[199] suggests that the origin of the modes observed at 95, 125, 150, and
250cm ! are indeed due to isolated As impurities in cubic GaN. The broad
modes at 190 and 235 cm ™ result from other more complicated forms of As
incorporation or an As impurity incorporated in the hexagonal modification.

9.5 p-TYPE DOPING OF CUBIC GaN

9.5.1 Theoretical Aspects of Different Acceptors

Acceptor doping has been the most serious problem in the fabrication of
group Ill-nitride devices. The decisive breakthrough for p-type doping
was achieved when Amano and colleagues [96] realized that a LEEBI
treatment of Mg-doped hexagonal GaN epilayers convert the previously
semi-insulation sample to a p-type conducting epilayer. Subsequently, it was
realized that both MOCVD and HVPE hydrogen, which acts as a donor, pas-
sivates the incorporated acceptor, resulting in the necessity of a postgrowth
annealing by LEEBI or by thermal treatments in nitrogen atmosphere [200]
to activate the acceptors. This approach, with Mg as the dopant, results
in p-type epilayers and the achieved hole concentrations were sufficient
to realize the first optoelectronic devices emitting in the-blue-UV spectral
range. However, at room temperature the free hole concentration was lim-
ited to alow 10!7 cm™3. To obtain good Ohmic contacts to the p-layer and to
decrease the series resistance of the optoelectronic devices, higher hole con-
centrations are necessary. This requirement initiated an intensive search for
alternative acceptors in both hexagonal as well as cubic group III-nitrides.
However, to date only Mg has reached the maturity to be used in device
production.

The acceptors can be divided into two groups: one that replaces the group
11T atoms and one that replaces the N atoms. As noted by Neugebauer and
Van de Walle [201,202], one of the most important factors is that a dopant is
incorporated as a substitional acceptor is its atomic size to fit into the Ga or
N site. In Table 9.4, the covalent radius of several column II, column I, and
column IV elements, which characterize the atomic size of the substituent,
are listed beside Al, Ga, In, N, and As. On N-site, only C is a good candidate,
otherwise the atomic radii of the dopants are to large to be substituted. On
Ga-site, both column II elements (single acceptor) and column I elements
(double acceptor) may be suitable as p-type dopants.
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Table9.4 Covalent radii of various elements used for p-type and n-type doping of GaN as well
as the values for the group I elements Al, Ga, In, and of N. Activation energies semi-empirical
explanations given by Orton and Pdor [203,204] and theoretical calculations of Neugebauer
et al. {201,202], Boguslawski et al. {205,206], Mireles et al. {207], and Bosin et al. [208].

Element reoy (A)  Orton  Pidor  Neugebauer Boguslawski  Mireles Bosin

Be 0.89 200 ~85 96 — 125-133 ~100
Mg 1.36 250 250 161 — 130-140 ~200
Ca 1.74 — — 645 — 151-164 —
Zn 1.25 345 340 225 — 162-184 —
Cd 141 550 540 — — — —
Hg 1.44 — 680 — — — —
Li 1.23 — — 387 — — —
Na 1.57 — — 580 — — —
2.03 — — — — — —
C 0.77 — — s. acceptor 200 138-148 ~400
Si 1.17 — — s. donor s. donor 125-132  s. donor
Ge 1.22 — — — s. donor — —
(6] 0.66 — — donor — — —
Al 1.25
Ga 1.26
In 1.50
N 0.70
As 1.20

The performance of an acceptor for device applications is determined
by three basic criteria: (1) solubility of the dopant, (2) stability against
self-compensation, and (3) acceptor level activation energy.

The solubility of a dopant corresponds to the maximum incorporated
amount of the impurity in the lattice, which is determined by the formation
energy. However, if the formation energy of the element to be incorporated
at an lattice site other than the substitution is lower or, if it is advantageous
to form complexes, self-compensation may occur, resulting in reduced free
hole concentration. Finally, the activation energy of an acceptor determines
the number of free holes available for the transport properties of a device. For
column I elements, Orton [203] and P6dor [204] were able to estimate values
for the activation energies by semi-empirical arguments, which are also listed
in Table 9.4. Considering the differences of the electronegativity between
the acceptor atom and the host atom which they substitute, a correlation
between the acceptor ionization energies and the chemical nature of the
acceptor atom was found similar to that in the well-known case of GaAs and
GaP [204]. Based on this correlation, an effective mass acceptor ionization



380 D.J.AS

energy in GaN is estimated to be 85 = 8 meV and Be is proposed to be
the most shallow group II acceptor. The thermal binding energies in the
effective mass limit has also been predicted by McGill and colleagues [47]
to be ~100 to 125 meV using a modified bound polaron model. For column
I elements, however, rather high activation energies are calculated. For
the amphoteric column IV elements, lengthy theoretical calculations are
necessary to estimate their energy levels, and these values are often plagued
by large errors. As can be seen from Table 9.4, the energy levels calculated
for C vary from shallow acceptor values to deep levels by using different
theoretical methods [205-209].

Because the nearest neighbors are the same for cubic and hexagonal
crystals, only minor changes will be expected for solubility and incorporation
in both polytypes. However, due to the higher symmetry of the cubic crystals,
the activation energies of the “shallow” acceptors shall be lower than in the
case of hexagonal group IlI-nitrides.

9.5.2 Doping of Cubic GaN by Mg

Mg-doped cubic GaN films are grown on semi-insulating GaAs (001) sub-
strates by RF-plasma-assisted MBE at a substrate temperature of 720 °C. For
Mg doping, a commercially available effusion cell with an orifice of 3 mm is
used. It contains solid Mg and the cell temperature is varied between 300 °C
and 450 °C. The beam equivalent pressures (BEP) of the incident Ga-flux
and of the Mg-flux at the higher cell temperatures are measured by a move-
able ion gauge. The pressures are corrected for different ionization efficient
factors of the elements using n = (0.4Z/14) + 0.6, where Z is the atomic
number of the considered atom or molecule [210]. For low cell temperatures
of the Mg source, the BEP is too low for direct measurement. In this case,
the BEP is estimated by extrapolation according to the vapor pressure curve
of Mg [211]. The thickness of the GaN layers is determined by SEM and
optical reflectivity measurements and varied between 0.7 pm and 1.3 pum.

9.5.2.1 Incorporation of the Mg acceptor

The concentration and depth distribution of Mg is determined by SIMS using
a RIBER/CAMECA MIQ56A equipment. A primary beam of 6 keV 02+ ions
with a spot diameter of 6 um and a current of 2 x 1078 A is rastered over
an area of 250 x 250 wm?. Positive secondary ions from a central region
of 180 x 180 wm? are analyzed by means of quadruple mass spectrometry
(QMS). For quantification, the ratio of the SIMS intensities Mg*/Ga* and
the relative sensitivity factor known from a Mg-implanted GaN reference
sample are used.

The depth profile of Mg into ¢-GaN is depicted in Figure 9.32, where
the SIMS intensities of Mg, Ga, N, and GaAs are plotted versus depth for a
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Figure 9.32 SIMS depth profiles of Mg, N, Ga, and GaAs in a 0.7-um-thick Mg-doped

cubic GaN epilayer grown on GaAs substrate by RF-plasma-assisted MBE (Mg-flux
44 x 10 em 2571, Ty = 400°C).

0.7-um-thick GaN sample. Similar depth profiles are observed for all other
Mg-doped samples. Whereas the N and Ga concentrations are uniformly dis-
tributed over the epilayer, the Mg signal shows two characteristic features at
the surface and at the c-GaN/GaAs interface. At the surface a slight increase
of the Mg signal occurs, which may be a hint for segregation of Mg. In the
depth from 0.2 wm to 0.6 wm, a homogeneous Mg-distribution is measured.
Within this uniformly doped region, the SIMS calibration is performed,
resulting in an Mg concentration of 5 x 108 cm™3. At the c-GaN/GaAs
heterojunction, a characteristic accumulation of the Mg atoms by more than
one order of magnitude is observed. This effect is attributed to an increased
diffusion of Mg to the GaAs substrate, similar to the observations made
by Ya Ber and colleagues [212] for ~-GaN on sapphire substrates. Due to
the low operating temperature of the Mg cell, it is not very likely that tran-
sient effects of the Mg flux just after opening of the shutter will result in this
increased incorporation. However, the high density of structural defects near
the interface due to the large mismatch between substrate and epilayer may
cause such an accumulation. A significant amount of Mg ~5 x 10!7 ¢m=3
is also found in a nominally undoped GaN sample grown after Mg-doping
experiments. This is due to the memory effect of the growth chamber.
Figure 9.33 shows the incorporated Mg measured by SIMS as a function
of the beam equivalent pressure of Mg (squares) for cubic GaN grown at
720 °C. The dashed line (with slope k = 1) corresponds to an Mg sticking
coefficient of about 1. The full line shows that the built-in Mg concentration
remains below about 5 x 10!8 cm~3and is nearly independent on the arrival
rate of supplied Mg, which varied by four orders of magnitude. This behavior
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Figure 9.33 Mg concentration measured by SIMS (squares) versus Mg-flux of the arriving

Mg atoms for cubic GaN epilayers. The dashed line with slope & = 1 corresponds to an
incorporation of Mg that is directly proportional to the Mg arriving rate.

is similar to that observed for MBE growth of hexagonal GaN [213] and
GaAs [214] and is expected due to the high vapor pressure of Mg. Therefore,
the Mg incorporation occurs either via the presence of a saturated surface
layer of Mg or via the presence of specific configurational sites for Mg
incorporation, so that the incorporation is nearly independent of the Mg
arrival rate [213].

9.5.2.2 Optical properties of the Mg acceptor

The 2 K photoluminescence spectra of cubic GaN epilayers grown at a sub-
strate temperature of 720 °C, which are doped by Mg with different Mg
fluxes are shown in Figure 9.34. The lowest spectrum is that of an undoped
reference sample grown before introducing Mg into the chamber. Mg-doping
at fluxes below 10'3 cm~2 s~1(Mg-source temperatures Tmg below 300°C)
results in the appearence of a donor acceptor transition (D?, A&g) at3.04eV.
The donor participating in this line has the same ionization energy as the one
observed in the undoped sample. From the emission line energy an accep-
tor activation energy of Emg = 0.229€V is estimated. This energy level
is in excellent agreement with recent theoretical calculations of Mgg, for
¢-GaN [215] and is somewhat lower than that for the corresponding value
of 0.265 eV for h-GaN [216]. At Mg-fluxes exceeding 101 cm™2s~! (T,
higher than 350 °C), the low energy side of the spectrum is dominated by a
broad blue-emission band centered at about 2.85 eV, which is modulated due
tointerference of the PL light (upper curves in Figure 9.34). The nature of this
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Figure 9.34 Low-temperature (2 K) PL-spectra of Mg-doped cubic GaN epilayers grown
with different Mg-fluxes. The lowest spectrum corresponds to an undoped cubic GaN sample
grown before introducing Mg into the MBE growth chamber (excitonic transition X at 3.26eV
and omnipresent donor-acceptor pair transition (DY A%)). The dashed lines indicate the shallow
Mg-related transitions €A% ), ( DOA& ). Below 2.95 eV the dashed arrow indicates the deep
Mg-related blue transition band, which is modulated due to interference fringes of the PL light.

transition is currently unknown, however, it indicates that also in c-GaN, Mg
isincorporated at different lattice sites or forms complexes at high Mg-fluxes.
In ~-GaN this blue band is attribute to Mg—Vy complexes [217].
PL-spectra at temperatures between 2K and 300K are plotted in
Figure 9.35 for the c-GaN sample doped by an Mg-flux of 5 x 101 cm =251,
Besides the excitonic transition X and the omnipresent (D°AY) transition
at least four additional lines labled (e, A%)mg, (D°A%)Mg, (DOA")yy, and
(DOAO)K; can be observed. One clearly sees the thermalization of both the
(D°A%) as well as the shallow (DOAO)Mg transitions, involving the same
residual donor. The photon energy as a function of temperature is shown in
Figure 9.36 for the different emission lines. The temperature dependence
of all Mg-related lines ((e, A%)mg, (D®A”)Mg, (D°A")yy,, and (D°AO)yr
clearly follow the temperature dependence of the energy gap of c-GaN,
which is plotted as a full curve. Besides the omnipresent shallow donor
(Ep = 0.028¢V) and shallow acceptor (E4 = 0.129eV) two additional
Mg-related defect levels—one acting as an acceptor and the other acting as
a deep donors—-are necessary to explain all additionaly observed transitions.
Due to the two different donors and two different acceptors four different
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recombination paths are possible and observed in the low-temperature
PL-spectrum ((D°A?), (D°A%)\mg, (DOAO)Mg, and (DA%} )+ The bind-
ing energies of the shallow Mg-related acceptor and the deep Mg -related are
0.229eV and 0.239 eV, respectively. A scematic energy diagram of various
recombination paths is shown in the inset of Figure 9.36.

9.5.2.3 Electrical properties of the Mg acceptor

Hall effect measurements of Mg-doped cubic GaN epilayers reveal that the
layers are p-type without postgrowth treatments. For the sample doped with
a Mg-flux of 1083 cm=2 s_l([Mg]SIMs = 1.7 x 1018 cm_3) the measured
free hole concentration py,; and hole mobility at room temperature are
about 3 x 10 cm=3 and 215 cm?/Vs, respectively. The low activity of the
acceptor is due to the high ionization energy of Mg. Figure 9.37 shows the
temperature dependence of the hole concentration and of the hole mobility
(inset). Under the assumption of compensation, for the shallow Mg acceptor



GROWTH AND CHARACTERIZATION 385

3.30 * e -
A= o .
325t AX) W E, 1
Epy=13mev Epi2dmey W
~-a
1 x ]
3.20 o A%)
el L LL T
;ED:ZS meV
315 pfuan c-GaN:Mg 1
(DA% ’
> 3a0f 1
L
> el .
2 35 —2mev ""--.__(ff‘&g) 1
5 3.05 r‘ninu.._. ---------

0,0, TTmeeel,
T

~-Mg _
AT

Temperature (K)
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Mg-related ((e, A%)pg, (DO AD)Mmg, (D040, (DOAO);;g) PL-lines (full squares). The solid
curve is the variation of the gag energy after lfamjrez—Flores [45]). The dashed curves are cal-
)

culated for free to bound (e, A¥)Mmg, (DOAO)Mg using a donor and Mg-acceptor energy of 28
and 229 meV, respectively. For the deep Mg-related donor, an energy of E DMg =239meVis
estimated. A schematic energy level diagram with all observed transitions is shown in the inset.

the temperature dependence yields an activation energy of Emg = 0.110 &
0.020eV [22]. The corresponding value for hexagonal GaN is 160 £ 5 meV
[100]. In both cases, the thermal activation energies are much lower than
the optical activation energies, which may be due to a strong relaxation
effect of the negatively charged Mg, as has been shown in recent theoretical
calculations [218].

With increasing Mg flux, no increase of the free hole concentration pyy)
is observed at room temperature (see Figure 9.38). On the contrary, the
free hole concentration is even slightly decreasing with increasing Mg flux.
SIMS measurements, however, show that the amount of incorporated Mg
has increased, indicating that an additional Mg-related compensating donor
may be incorporated during Mg doping. This assumption is corroborated
by PL-measurements. The integral intensities of the shallow transitions
(DY, Ag,[g) and (e, Ag{g) as well as the deep “blue” band show a clear
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Figure 9.37 Hole concentration of an Mg-doped cubic GaN epilayer (Mg-flux 5.7 x
1083 em 2571, Tvmg = 350°C) as a fuction of the inverse temperature 1000/ 7. The esti-
mated shallow acceptor level is Epg = 0.110 + 0.020€V. The inset shows the temperature
dependence of the hole mobility, which is dominated by polar optical phonon scattering at
temperatures above 300 K (full line).

increase with increasing Mg-flux. Therefore, all three transitions are related
to the incorporation of Mg in c-GaN. However, whereas the shallow tran-
sitions seem to saturate at higher Mg-flux, such is not the case for the blue
emission. Because the free hole concentration is nearly independent of the
Mg amount, it is concluded that the impurity involved in the blue band
may act as a compensating deep donor center. This observation is in agree-
ment with the previously presented PL-measurements, where the presence
of a deep Mg-related donor level to explain the different emission lines is
assumed, and is also in agreement with similar observations made in £-GaN
[219]. Theoretical calculations showed that Mg;, Mgy, or Mg-Vy acts
as a compensating deep donor in GaN. Because the formation energies of
all these Mg-related defects are low, they are possible candidates for the
impurity involved in blue band in GaN [215].

In conclusion, p-type doping of ¢-GaN by Mg suffers on self-
compensation, segregation, and solubility, effects which limit the room
temperature hole concentration to the low 107 cm™> range. p-type dop-
ing by Mg under N-rich growth conditons, which has been shown to be
benefitable in Mg-doping of hexagonal GaN, results in increased hexagonal
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Figure 9.38 Integral PL intensities of various observed transitions, Mg concentration
measured by SIMS, and free hole concentration pyy, at room temperature versus Mg-flux.

inclusions. At a growth temperature of 720 °C, the amount of incorporated
Mg is limited to about 5 x 10'8 cm—3 due to the high volatility of Mg. SIMS
measurements further show an accumulation of Mg at the GaN/GaAs inter-
face and suggest the effect of Mg diffusion toward the GaAs substrate. In
PL-measurements, an Mg-related shallow acceptor with an activation energy
of 0.230eV is observed at low Mg concentrations. Doping of c-GaN with
Mg concentrations higher than 10'® cm=3 results in the appearance of an
additional deeper transition band. This indicates that Mg is also built in at
off-Ga sites or as complexes.

9.5.3 Alternative Acceptors

Due to the lack of doping experiments in cubic III-nitrides, only a few words
can be said for alternative acceptors. There is still the question of whether
acceptors with smaller binding energies exist, and whether they are suitable
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dopants, which can be incorporated in high concentrations. As already men-
tioned in the theoretical aspects (Section 9.5.1), alternative acceptors are Be,
Zn, and C.

In all other III-V semiconductors, Be is a more shallow acceptor than
Mg, has less surface segregation, and generally is easier to handle in MBE
systems than Mg. Despite these precautions, the results reported by Brandt
[220] were quite disappointing. p-type doping was not observed for any of
the cubic GaN epilayers, but rather n-type conductivity (even higher than the
background of the undoped samples) or high resistivity. At Be concentrations
above 1020 cm 3, a transition to polycrystalline dentritic growth finally took
place. This phenomenon is expected, because theoretical calculations [209]
have shown that the solubility of Be in GaN is fairly low and exceeding it
triggers the formation of Be3N3 precipitates. However, by using the method
of codoping, where the acceptor Be and the donor O were simultaneously
incorporated in the same amount into ¢-GaN, the formation of Be—-O ion
pairs should be energetically favorable and prevent the formation of Be3N>
precipitates [221]. O supplied from residual HyO partial pressure in the MBE
system immediately after having opened the system resulted in unintentional
codoping of Be and O. In such codoped epilayers, free hole concentrations of
about 1 x 1018 cm~3 and hole mobilities of about 150 cm?/V's are measured,
without degradation of the structural properties and surface morphology of
their films [220]. SIMS profile measurements showed that both Be and O
were incorporated in almost equal amounts, namely about 5 x 102° cm—3.
Therefore, this technique of codoping opens one way to reach high hole
concentrations. However, it requires that the Beg,—On ion pairs occupy
nearest-neighbors sites, which is true only if large amounts of both dopants
are available and the surplus of Be determines the hole concentration. It
is questionable if this allows controlled p-type doping over some orders of
magnitude, as is necessary for many electrical devices, because no further
reports on codoping of c-GaN exist.

Attempts to dope A-GaN p-type with Zn result in, at best, compensated
high-resistivity material. In moderately Zn-doped material, a rather broad
PL band appears at about 2.85 €V, the characteristic Zn-related emission
[222-224]. This emission is assumed to be related to the substitutional Zng,
acceptor. A binding energy of about 0.34 ¢V is estimated from the position
of the zero-phonon line [223]. Due to this large activation energy, thermal
activation of the Zn acceptors results in a very low hole concentration at room
temperature and makes Zn less useful for p-type doping. Nevertheless, in
1994, Nakamura and colleagues [225,226] used the deep level provided
by Zn doping to minimize the amount of In required in the InGaN active
region of an LED. Only a few percent In resulted in emission at the desired
wavelength of 450 nm. For cubic group IlI-nitrides, no attempts to dope by
Zn have been reported.
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One of the potential replacements for Mg is C. At present, little infor-
mation about the incorporation and behavior of C in the nitrides is known,
In the hexagonal group I1I-nitrides AIN [227] and GaN [228] p-type doping
have been obtained, although the carrier concentrations have been limited to
3 x 10'8 cm~3 and 3 x 107 cm—3, respectively, even though the C concen-
trations in these films are reported to be significantly higher. C-doping from
CCly during metalorganic ECR-MBE at 700 °C has, in fact, been shown to
produce p-type h-GaN at hole concentrations up to 3 x 107 cm™3. The hole
mobility was determined to be 100 cm?/Vs. Unfortunately, introduction of
C via CCly also introduces an unwanted parasitic etching problem due to
the release of Cl at the growth surface. As a result, a rather severe tradeoff
of p-type doping level at the expense of growth rate is observed.

By analogy with results obtained in GaAs, it is expected that CBr4 should
produce higher acceptor concentrations with less etching due to its higher
deposition efficiency and the reduced volatility of the Br-containing etch
byproducts [229]. As yet, however, p-type GaN has not been obtained
using CBr4.

Using a resistively heated graphite filament as a C source in RF-plasma-
assisted MBE [230], ~-GaN was doped with C of nominal concentrations
ranging from 10'® cm—3 to 1020 cm™3. The incorporation of C led to a reduc-
tion of the background electron concentration by one order of magnitude, but
the material remained n-type. For high C concentrations, a re-increase of the
carrier concentration was observed, which was related to self-compensation.
Therefore, the role of C is controversal. Due to the amphoteric nature of C,
it can be incorporated on a Ga site as a donor and on an N site as an accep-
tor. Although the formation energy of Cg, is much larger than that of Cn,
indicating a preference of C to be an acceptor, at higher C concentration
the formation of nearest neighbor donor-acceptor pairs C&—C;J is favored
energetically [206}, resulting in self-compensation. Therefore, it is unlikely
that the maximum hole concentrations seen in GaAs (p = 10%°cm™3) [231]
canbe achieved in GaN. In addition, due to the weak In—C bond, it is expected
that C acts as a donor in InN [102]. Therefore, the role of C as an acceptor
needs further investigation, especially for the cubic phase, where to date no
data are available.

9.6 n-TYPE DOPING OF CUBIC GaN

9.6.1 Theoretical Aspects of Different Donors

For n-type doping of GaN (or the other group IlI-nitrides), elements of the
group IV on group Il-site and the group VI on the N-site can be incorporated
as donors. The group-IV impurities include C, Si, Ge, Sn, and Pb. The latter
element has a large atomic radius and is therefore not expected to incorporate
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easily in Ill-nitride semiconductors. The remaining group IV impurities,
that is, C, Si, Ge, and Sn, share different charcteristics. First, all column
IV impurities are amphoteric, that is, they can occupy either the group III
or the N site of the zincblende crystal. As a result, group IV impurities are
donors or acceptors for the cation site or anion site, respectively. Second,
due to their amphoteric nature, column IV impurities may autocompensate
and the electrical activity may saturate at a high impurity concentration.
As discussed previously, however, only C has a comparable small size to
the N-atom and is therefore expected to be incorporated as an acceptor. Si,
Ge, and Sn are expected to replace a Ga-atom and therefore act as donors.
The group IV impurities include O, S, Se, and Te. Considering the atomic
radius, only O fits to the N-atom and is believed to be incorporated easily.
Due to the high vapor pressure of S and the agressivity of S to copper, the
introduction S is unwanted in the MBE growth chamber and is therefore
avoided as much as possible. From these considerations, Si, Ge, O, and Se
are the most appropriate elements for n-type doping experiments in GaN.

9.6.2 Doping of Cubic GaN by Si

Silicon is the prefered n-type dopant in the growth of GaN. In hexagonal
GaN, controllable Si-doping has been demonstrated for concentrations form
1017 cm 3 t0 101 em™3 [232]. At 300 K, the luminescence intensity and the
linewidth of the band-to-band transition increases monotonically with dop-
ing concentration [233,234]. Photoreflectance measurements further showed
for heavily doped A-GaN a shrinkage of the energy gap due to bandgap renor-
malization (BGR) effects [235]. Detailed analysis of the electrical properties
of Si-doped h-GaN further showed a significant influence of crystal defects
[236] and of dislocations on the electron mobility [237,238].

In the following, recent doping experiments of cubic GaN epilayers
by Si are summarized. The Si-doped cubic GaN epilayers are grown by
RF-plasma-assisted MBE on semi-insulation GaAs (001) substrates at a
substrate temperature of 720 °C [9]. The growth rate is about 0.07 pm/hr
and the thickness of the layers is about 0.8 wm. Elemental Si is evap-
orated from a commercial effusion cell at source temperatures between
750°C and 1100 °C, which corresponds to a variation of the Si-flux between
8.5 x 10°cm~2s ! and 5.2 x 101 cm=2s~!, respectively.

9.6.2.1 Incorporation of the Si donor

The incorporation of Si into ¢-GaN has been studied by SIMS. The con-
centration and depth distribution of Si is measured using Si-implanted
calibrated standards for quantification, and an O?* primary beam of 6 keV.
In Figure 9.39 the depth profiles of Si, GaN, and As are depicted for a
cubic GaN epilayer doped with elemental Si at an Si source temperature
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Figure 9.39  SIMS depth profiles of an Si-doped cubic GaN epilayer.

of Tgi = 1075°C. An homogeneous Si distribution is measured through-
out the whole ¢-GaN epilayer and no accumulation either at the interface
or at the surface is observed. The Si-concentration measured at a depth of
about 0.4 um (indicated by the arrow in Figure 9.39) is 2 x 10'%cm™3.
In Figure 9.40 the Si-concentration measured by SIMS (full squares) and
the free electron concentration measured by Hall effect at room tempera-
ture (full triangles) are plotted versus the Si source temperature. As can
be clearly seen, both the free electron concentration and the amount of
incorporated Si exactly follow the Si-vapor pressure curve (full line in
Figure 9.40) at Tg; > 1000 °C [239]. This indicates that nearly all Si atoms
are incorporated at Ga sites and act as shallow donors. At room temper-
ature the maximum free electron concentration reached thus far is about
5 x 109 cm™3. This clearly demonstrates the ability of controlled n-type
doping of cubic GaN by Si up to concentrations which are necessary for the
fabrications of LDs.

9.6.2.2 Optical properties of Si-doped cubic GaN

PL measurements are performed at 300K and in an He bath cryostate
at 2K. The luminescence was excited by a cw HeCd UV laser with a
power of 3mW and measured in a standard PL system. At room tem-
perature the total intensity of the luminescence (full dots in Figure 9.40)
also follows the Si-vapor pressure curve, indicating that at 300K the opti-
cal properties are also determined by the Si-doping and that even at the
highest free carrier concentration of 5 x 10'° cm™3, no quenching of the
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Figure 9.40 Si concentration measured by SIMS (full squares), free electron concentration
measured by Hall effect (full triangles), and integrated PL intensity (full circles) at 300 K versus
Si source temperature. The full line represents the vapor pressure curve of Si [239].

luminescence is observed. The optical properties of Si-doped cubic GaN
at low temperature are shown in Figure 9.41. At 2K the spectrum of the
sample grown with the lowest Si-flux (8.5 x 100 em™2%s7!, Tg; = 750°C) is
dominated by the excitonic transition X at 3.26eV and the donor—acceptor
pair transition (D%A% at 3.15¢V [10]. With increasing Si-flux, a clear
shift to higher energies of the (DOAO) is observed. In contrast, the tran-
sition X remains in position as expected for an excitonic line. The peak
position of the (D®A®) as a function of the Si-concentration is plotted
in Figure 9.42, where the Si concentration, Ng;, is calculated by divid-
ing the measured Si-fluxes by the measured growth rates. Using a simple
Coulomb-term model [240], the peak position of the (D°® A% transition can be
calculated by:

1
4mepeR 2 JNs;

The full line in Figure 9.42 represents the model prediction and shows an
excellent agreement with the experimental data (full dots).

e ) 1
Epo 0y = Egap —(Ep + Eg) + ——— WwithR =
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Figure 9.41 Low-temperature PL spectra of Si-doped cubic GaN at different Si-fluxes.

Beyond an Si-flux >1.2 x 101! em~ 257! (Ts; > 1025 °C), both [umines-
cence lines merge to one broad band and the peak maximum shifts mono-
tonically toward higher energies with increasing Si-doping. Simultaneously,
the spectral shape of the main emission line becomes strongly asymmetric
having a steep slope on the high-energy side and a smooth slope on the low
energy side of the spectra. Such behavior is characteristic for momentum
nonconserving (nonvertical) band-to-band transitions or to recombination of
free electrons to local hole states [241] and has been observed in the spectra
of GaAs heavily doped with Te [241] or Si {242]. The position at the steep
high-energy edge of the luminescence band is determined by the electron
Fermi-level and it should shift to higher energies (Burstein-Moss shift [243])
as the conduction band fills with free electrons. In Figure 9.41 the position
of half maximum, Eq,3, is indicated by arrows. In the highest doped sample,
E12, has a value of 3.342 eV. For a corresponding carrier concentration of
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Figure 9.42 Peak energy of the (D®, A®) band versus Si donor concentration at 2 K. The full
line was calculated by using a simple Coulomb-term model.

about 5 x 10'? cm~3, however, band-filling of 240 meV is calculated using
an electron effective mass of 0.2 in GaN [244]. This indicates that, due to
exchange interaction between free carriers, the energy gap of cubic GaN
has been shrunk from 3.305eV without doping to 3.095eV at an electron
concentration of 5 x 101 cm™3. As it is known for GaAs, the reduction in
band-gap energy due to the so-called BGR can be described by an!/3 power
law [245]. From this we obtain a BGR coefficient of —5.7 x 10~8eVcm
for cubic GaN, which is comparable to that observed in hexagonal GaN
(4.7 x 1078 eV cm) [246).

9.6.2.3 Electrical properties of the Si donor

Hall effect measurements are performed using square-shaped samples at
300K and a magnetic field of 0.3 T with the samples in the dark. In is used
for Ohmic contacts.

In Figure 9.43 the value 1/g-|Ry| is plotted as a function of the Si
source temperature between 700 °C and 1150°C; Ry is the Hall constant
and g is the electronic charge. One clearly sees that for 7g; < 1025°C,
all samples are p-type with a hole concentration of about 2 x 106 cm—3,
which is nearly independent of the Si source temperature (open squares).
Above Tg; > 1025°C, the samples are n-type (full triangles) and, as

already discussed in Figure 9.40, the measured free electron concentration



GROWTH AND CHARACTERIZATION 395

20
10 I RT
3
- 1018 é.
lE F Two band
S r model
—_ = 1
P 16 oT
5. 10 F\ -
& F Undoped ,'\
B 14 _[ sample,.- Si-vapor pressure
10 E’ -~
3 p-type
1012 i
700 800 900 1000 1100

Temperature of Si source (°C)

Figure 9.43 1/q-|Ry| versus Si source temperature measured at room temperature. The
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exactly follows the Si-vapor pressure curve (dotted line). Temperature-
dependent Hall effect measurements further show that these cubic GaN
samples are totally degenerated. From this p-type to n-type transition
at about 1025°C, it is concluded that a residual acceptor concentra-
tion of about N4 =4 x 108 cm™3 exists in the cubic GaN epilayers,
and that the Si-donor has to compensate these residual acceptors. This
value can be extrapolated from the dotted line (Si-vapor pressure curve)
at 1025°C.

For a nominally undoped c-GaN sample, a hole concentration of about
p = 1x 10%cm™3 and a hole mobility of u, = 283 cm?/Vs are mea-
sured at room temperature. This value is also included in Figure 9.43 (open
square at the outmost left side). Temperature-dependent Hall effect mea-
surements of this sample further show that the involved acceptor has an
activation energy of about £4 = 0.166 eV [247]. Due to the depth of this
acceptor level, only a few percent of the acceptors are thermally activated
at room temperature and contribute to the measured hole concentration.
The estimated acceptor concentration of the nominally undoped sample is
therefore 4 x 10'8 cm™3. This is exactly the same value that we obtain
from the Si-doping previous experiments. Assuming a constant residual
acceptor concentration and taking the room temperature values of the
undoped samples for p and pp, a simple two-band conduction model
[248] can be applied to calculate 1/q -|Ry| as a function Ts;. For the
free electron concentrations, n, we use the Si-concentrations estimated
from the Si-vapor curve (dotted curve in Figure 9.43) and for the elec-
tron mobilities, w@,, we extrapolate the u, values measured at high Tg;,
taking into account the increase of mobility with increasing free carrier
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Figure 9.44 300 K mobility versus free carrier concentrations of Si-doped ¢-GaN.

concentration due to dislocation scattering. The two-band model results are
shown in Figure 9.43 by the full curve and explain in a reasonable way the
experimental observation.

Figure 9.44 shows the mobilities (1, L) of the Si-doped c-GaN epilay-
ers versus the measured free carrier concentration (r, p) at room temperature.
The full dots and the full triangles are samples of different series showing
n-type conductivity (Ts; > 1025°C). The open square is the nominally
undoped p-type reference sample. The influence of the high dislocation den-
sity (10" cm™2) on the electrical properties of c-GaN is reflected in the
dependence of the electron mobility on the free carrier concentration. Similar
to h-GaN [237], the mobility first increases with carrier concentration,
reaches a maximum value of about 82cm?/Vs at an electron concentra-
tion of 3 x 10'? cm™3, and decreases again. This behavior is characteristic
for dislocation scattering and shows that in cubic GaN, threading-edge dis-
locations are electrically active. Recently, a theory of charged-dislocation
line scattering has been developed and applied to A-GaN [238]. Look and
Sizelove {238] showed that dislocations may well be charged and should
have acceptor nature.
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X-ray measurements and RBS experiments on cubic GaN layers showed
that the dislocation density Ng;y; is in the order of 3 x 101 ¢cm=2 for 0.7-pm-
thick epilayers and that Ny;5 decreases with increasing epilayer thickness
[127,249]. Following Weimann and colleagues [237] and multiplying Ng;
with the lattice constant of c-GaN (acup = 0.452nm), a residual accep-
tor concentration of about 6 x 108 ¢cm™3 is estimated. This value agrees
within experimental error with the acceptor concentration that is necessary
to explain the p-type to n-type transition,

The curves in Figure 9.44 represent calculations of the room temperature
mobility versus carrier concentration for different electrically active dislo-
cation densities. In this calculation, contributions of polar optical phonon
scattering, acoustic phonon scattering, ionized impurity scattering, and dis-
location scattering have been taken info account. In addition, changes of
the compensation ratio ©® = N% / Ng in n-type samples (® = Ng /N% in
p-type) if the incorporated donor concentration varies and that dislocation
scattering is active only in n-type epilayers (in p-type GaN less than | per-
cent of the acceptors are ionized at 300 K) have been included. The full lines
are for n-type and the doted lines for p-type conduction. One can clearly
see that the best agreement with experimental results is given for a disloca-
tion density of about 3 x 10! ¢cm~2. Thus, it is believed that in cubic GaN,
threading-edge dislocations are charged and act as compensating acceptors.
This residual acceptor concentration has to be surplused by the incorporated
Si-donors to obtain n-type conductivity in c-GaN. For advanced electrical
and optical devices based on cubic group IlI-nitrides, it will therefore be
necessary to significantly reduce the dislocation density. Si, however, is also
a suitable dopant for controlled n-type doping in the cubic GaN epilayers.

9.6.3 Alternative Donors

For h-GaN Nakamura and co-authors [250] and Zhang and colleagues [251]
reported properties of Ge-doped GaN grown by MOVPE. A linear increase
of the electron concentration as a function of the GeH,4 flow rate has been
observed, with carrier concentrations in the range of 7 x 109 to 1019 cm—3.
However, Ge incorporation is roughly an order of magnitude less efficient
than Si, as judged by the larger GeHs flow rate required to obtain similar
electron concentrations. To date, no reports have been published using Ge
in an MBE system. Likewise, in cubic Ill-nitrides no such doping studies
have been performed.

As previously mentioned, C is expected to be preferentially incorporated
as an acceptor. The amphoteric nature of C, however, may also enable C to be
incorporated as a donor, especially at high doping concentrations. In a recent
MBE study of hexagonal GaN using a resistively heated graphite filament as
a C source, it was shown that C could be incorporated up to concentrations
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of 10%% cm~3 [230). Investigations of the donor—acceptor pair luminescence
further showed that at high C concentrations, a new donor exhibiting a
thermal activation energy of about 55 meV was introduced. Whether this
new donor is due to an incorporation of C on a Ga-site or to the formation
of nearest neighbor Cga—C;J pair formation is currently unclear. However,
due to the high n-type background concentration of >2 x 1017 cm™> and
this newly introduced donor, no p-type conductivity was observed.

O is the only impurity which has been found present in a sufficient quan-
tity to account for the carriers observed in unintentionally doped A-GaN
and c-GaN. Therefore, the residual background doping, which was widely
thought to be due to N vacancies, has also been attributed to O. Recent obser-
vations by Brandt [220] in c-GaN support that O may be one source for high
n-type background doping. When growing ‘¢-GaN layers immediately after
having opened the MBE system, electron concentrations up to 102! cm™3
have been measured. These electron concentrations correlated well with the
O concentration detected by SIMS (within 2 percent). Successively grown
samples showed a monotonic decrease of the electron concentration, with
the standard background (mid-1017 ¢cm—3 range) being reached after about
ten growth runs. This decrease was correlated with the decrease of the H;O
vapor in the MBE growth chamber as measured by QMS and implied that
O, suppli